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ABSTRACT 

PMSE TRANSFORMATIONS 

IN THE TITANIUM-NIOBIUM BINARY ALLOY SYSTEM 

David L. Moffat 

Under the supervision of Professor David C. Larbalestier 

A fundamental study of the phase transformations which occur  in 

the Ti-Nb binary  a l loy  system has been completed. E i g h t  alloys in t h e  

range' 20 to 70 a t %  Nb were investigated using ttansmissi6n electron 

microscopy, light metallagsaphy and x-ray diffraction. Measurements 

of electrical resistivity and Vicker's microhardness also were 

performed, Emphasis was placed on the minimi~ation of interstltlal 

contamination in a l l  steps of a l l o y  fabrication and specimen 

preparat ion.  In order t o  eliminate the ef fec t s  of prior cold-working, 

the a l loys  studied were recrystallized at 1000C. Phase 

transformations were studied in alloys which had been quenched to room 

temperature after recrystallization, quenched to room temperature and 

then isothermally aged, and in those which had been isothermally aged 

without: a prior room temperature quench. It was found t h a t  t h e  

mierostructu~es of the quenched 20 and 25% Nb a l l o y s  were extremely 

sensitive t o  quench rate -- with a fast quench producing martensite, a 

slow quench, the omega phase. The micr~structures of t h e  higher 



niobium content alloys were much less sensitive to quench rate. The 

microstructures of the isothermally aged 20 and 25% Nb alloys were 

found to be sensi t ive  to prior thermal history. Alloys quenched t o  

room temperature and then aged at 400C contained large omega 

precipitates, w h i l e  those aged without an intermediate room 

temperature quench contained alpha precipitates. Isothermal omega 

phase p r e c i p i t a t i o n  was found in quenched 20 and 25% Nb specimens aged 

at  300, 350 and 400C. The 35% Nb alloya aged between 300 and 500C 

contained precipitates which could n o t  be identified using electron 

diffraction, but were determined to be nucle i  of the alpha phase. 

Aging at 450, 500 and 600C produced alpha pracipitates in t he  20 to 

40% Nb alloys. The beta transus in this system could not  be 

determined unambiguously. A phase diagram was calculated which fit 

the experimental data, but also predicted a small, but  s table ,  beta 

phase miscibility gap. 

Approved r 
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CHAPTER ONE 

INTRODUCTION 

Titanium-niobium binary alloys form the basis  of the 

superconducting industry world-wide , These alloys possess the 

ductility required t o  withstand true strains on the order of 10 t o  15. 

(Such s tra ins  are typical of commercially produced superconducting 

wires which have opt imized superconducting properties.) The aim of 

the wire fabrication process I s  t o  produce a very specific 

microstructure upon which the superconducting properties depend. This  

microstructure can be obtained through a judicious choice of 

processing parameters such as the drawing schedule, and the number, 

t i m e  and temperature of heat treatments, 

Despite the technological  significance af these alloys, there 

have been relatively few investigations of the phase transformations 

which can occur in them. There have been innumerable s tudies  o*f 

various physical propert i e s  of these al loys ,  but most were done with 

l i t t l e  or no knowledge of the actual microstructures o f  the a l loya  

investigated. T h i n  has resulted in confusion in the understanding of 

t h e  interrelationships of propertfes and microstructures and has made 

i t  d i f f i c u l t  t o  discern fac t  from supposition. 

There are three factors which can have a marked effect: on the 

microstructures and properties'of these alloys, These are the thermal 



h i s t o r y ,  the  mechanical history and the interstitial contents, Most 

prevfous investigations of the properties of these alloys were poorly 

documented in these regards. Alloy camposit ion is also an important 

factor, but t h i s  has been reported unambiguously in all b u t  one of t h e  

ear l ier  s t u d i e s .  Attention in the present study was focussed on the 

effecrs of thermal history, though several interstitial analyses were 

obta ined in order to document the impurity levels. 

The g o a l  of the present study was to dete~mine the s t a b i l i t y  

limits of the phase equilFbria i n  this a l l o y  system, and t o  elfminate 

some of the confusion regard ing  the interrelationships of p r o p e r t i e s  

and microstructures. Alloy fabrication and specimen prepara t ion  

techniques were carefully c o n t r o l l e d  and documented so that the 

r e s u l t s  of the present study could be interpreted p r o p e r l y .  Extensive 

microstructural investigations were performed in order t o  determine 

the  natv~e of t h e  phase transformations which took place. In several 

rases,  correlations of the microstructures with physical propert ies  

were made as w e l l .  

The approach of this study was to investigate t h e  phase 

equilibria over a broad range of alloy campositions, Eight alloys, in 

the  range 20 to 70 at% Nb, were investigated, This approach enabled 

the observation of overal l  trends In the phase transformations, though 

it precluded in-depth studies of the specifics of the transformations. 

Many of the phase transformations observed are deservfng af further 

investigation which time and material d i d  not permi t .  Thus, t h e  



results 05 the present study may serve as a foundation far future 

investigations . 
Thf s study was d i v i d e d  i n t o  two complementary invea t igat  ions af 

the phase equi l ibr ia  in which the thermal histories of the alloys were 

varied. Each specimen received a recrystallization anneal at  lOOOC 

LmmediateLy before quenching o r  isothermal aging. This provided a 

point of reference for a l l  specimens in this study* The metastable 

equilibria in th i s  a l loy syatem were studied in specimens which had 

been quenched and in those which had been quenched and aged. The 

stable equi l ibr ia  were investigated in specimens which had been 

d i r e c t l y  aged. 

In any fundamental study of phase transformations it is important 

that the alloys used are of the highest p o s s i b l e  quality, i.a. have 

very low in ters t f t ia l  contents. At the industrial level, however, 

economic concerna force a trade-off between purity and cost .  While 

the present study w a s  intended to be a basic Fnvestigation of phase 

transformations, it was a l s o  desired that its findings be pertinent to 

industrially used alloys. For t h i s  reason, commercially pure titanium 

was used in this study as one of the starting materials. Use of a 

more pure grade af titanium might have altered some of the results of 

this  study, but also might have l i m i t e d  t h e i r  applicability, In 

defense of t h i s ,  it should be  noted that the FermlLab specification 

f o r  superconductor wire, to which most of the world's TI-Nb 

superconductor is manufactured, is fairly restr ict ive The Fermf Lab 



specifications are glven in Table 1.1 ( r ecen t ly  t he  oxygen lfrnits were 

lowered to 800 wppm). 

The o u t l i n e  of this thesis is as follows. In Chapter 2 are 

discussed the techniques used in t h i s  study. Chapter 3 i s  concerned 

with the metastable phase equ i l ib r i a ,  Chapter 4 ,  the stable 

equi l ibr ia .  Chapter 5 contains a discussion of work which may be 

pursued i n  t he  f u t u r e ,  as w e l l  as a f i n a l  summary. Several point% of 

reference are given in t he  Appendices. There is no all-encompassing 

literature review in this thesis. Instead, it has been div ided  

according to the contents of each chapter. This was done to keep the 

material fresh in the reader's mind, and t o  facilitate t h e  publication 

of this work. 

1.1 Nomenclature 

All compositions given in this thesis are in atomic percentages, 

The al loys of this study are des igna ted  only by t he  atomic percentage I 

of niobium in a given alloy. I n  t he  presentation of the l iterature,  

o the r  al loy  systems are discussed.  Again, the composit ions of these 

alloys are given in atomic percentages, even though the o r i g i n a l  work 

may have used weight percentages, Comercial ly,  Ti-Nb alloys are 

designated by weight percentage of titanium, To facilitate 

comparisons between the a l loys  of this study and those of the 

superconductor industry, the alternate designation f o r  t h e  a l loys  of 

this study are given in Table 1.2. 



TABLE 1.1 

F E R M W  Specif icat ions f o r  Interstitial Contents of 37.2% Nb 
(46,5wtX Ti) 

TABLE 1.2 

Atomic to Weight Percent Conversions 
For the A l l ~ y s  of the Present Study 



Interstitial analyses are given in atomic parts 'per million, aa 

w e l l  as the customary weight p a r t s  per million. Atomlc  p a r t s  per 

million were used because i t  is believed that they give a more 

accura te  description of the impurities in the a l loys .  Thie makes 

al loys  appear less pure than if wppm were used, which was exactly the 

intent. 

The specimens of the present  study are identified by four 

parameters. The first is the composition of the allay, in atomic 

percent niobium. Second comes a two Letter mnemonic for the type of 

quench the specimen received. Lastly comes the time, in hours, and 

the temperature, in degrees Celsius, of any heat treatment. Examples 

of this identification system are: 20-FW (20% Nb a l loy  which was fast 

water quenched from l O O O C  to room temperature); 30-AC-96/400 (30% Nb 

a l l o y ,  air cooled to room temperature, then heat treated f o r  96 hours 

at 400C);  50-2081500 (50% Nb alloy recrystallized at lOOOC then aged 

at 500C for 288 hours with no intermediate room temperature quench). 

For future reference, the heat treatment times used in this study were 

96 hours ( 4  days),  288 hours (12  days) ,  and 960 hours ( 4 0  days). 
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CHAPTER TWO 

SPECIMEN FREPARATIOPi and EXPERIMENTAL TECHNIQUES 

2.1 Introduction 

A major concern of t h i s  study was to ensure that: the phase 

transformations that were observed were not affected by interstitial 

contamination. I f  present a t  suff ic ient  levels, i n t e r s t i t i a l s  coJld 

modify the  phase transformations that otherwise would occur i n  pure 

a l l o y s ,  The presence of interstitials also could cause 

transformations that would not occur In pure alloys, e.g. t h e  

p rec ip i t a t i on  of oxides o r  hydrides. 

All of the  a l l o y s  used i n  this atwdy were prepared at  the UW. 

Great care was taken to ensure tha t  the a l l o y s  were homogeneous and 

that contamination was held at a minimum. Several analyses of the 

alloys were obtained in order to verify t h e i r  quality. A l l  chemical 

analyses  were performed by Teledyne Wah Chang-Analytical Services, 

Albany, OR. 

Interstitial contamination can occur during t h e  preparation of 

the specimens used for microstructural characterization. The 

techniques developed during t h e  preliminary investigation of this 
.- 

system were shown to produce high qual i ty  specimens and were used 

throughout t h i s  study. 



2.2 Allay Fabrication 

The raw materiala used to prepare the alloys were 3mm rods of 

niobium and 1.6mm rods of commercially pure titanium. To remove any 

surface oxidation, the rods were etched in a solution of 13% HF, 20X 

HNO and 67% HZO. After a moderate etch, the rods were dropped 3 

quickly into a methanol/dry ice bath to stop etching. The reds then 

were rinsed with fresh methanol twice ,  dried, and scored in a 

desiccator until needed. I n t e r s t i t i a l  analyses of the etched rods are 

given in Table 2.1, (Table 2. la  gives the analyses in wppm.) 

Alloy ingots were melted in an arc melter with a tungsten 

electrode and a water-cooled copper base. After loading the niobium 

and titanium rods, the. arc melter was evacuated (< - 20mTorr) and 

back-filled with pre-purified (as supplied by the manufacturer) argon 

f i v e  t i m e s .  Before the rods were first melted, the arc was moved over 

t he  entire surface of the copper base to remove any adsorbed water 

vapor. A titanium button was m e l t e d  after this te gettar the argon 

atmosphere. This procedure was repeated before each melt of the a l l o y  

Ingot  . 
The ingot was melted and inverted at least 10 times in a square 

depression (the ingot could be inverted without opening the arc 

melter). The repeated melting and inverting of the  Ingot allowed the 

operator to verify that complete melting of the  niobium rods had 

occurred, assuring a macroscopically homogeneous ingot. The ingot  



Impurity Analyses of the Etched Niobium and Titanium 

Niobium (232 212 348 (460 
Titanium 143 1881 1138 

Errors 10X 5% 10% 

All values in appm 

TABLE 2 . la  

Impurity Analyses of the Etched Niobium and Titanium 

Niobium (30 32 60 <S 
Titanium 42 630 24 

Errors 10% 5% 10% 

A l l  values in wppm 



then was shaped into a cylinder roughly lcm in diameter by lOcm long. 

This ingot could be suppor ted by the copper base i n  such a way that 

cooling was not  very eff ic ient .  In this way the ingot could be heated 

f a i r l y  uniformly to j u s t  below the solidus, effecting a very high 

temperature homogenization heat treatment, The ingot was rolled over 

and this process repeated several tfmes, producing a homogeneous 

ingot .  (SEM analyses of several test ingots verified that this 

process produced homogeneous ingots.) 

During meltfng some material always was lost. For this reason, 

each ingot was weighed after melting to monitor the change in overall 

composition. The greatest deviation from the assumed composition 

would occur if the material lost was either all niobfum or a l l  

titanium. This worst-case error was computed f o r  each ingot. The 

results are shown in Table 2,2. (As there were two ingots of each 

a l loy ,  the results gfven in Table 2.2 are averages .) It can be seen 

that the greatest possible error was .54% Nb; most errors were 

significantly smaller. 

After removal from t h e  arc melter, the ingot8 wese homogenized 

again to remove any residual microscopic  .inhomogeneities. Each ingot  

was wrapped in niobium foil and placed in a silica tube with several 

pieces of titanium rod. The tubes were evacuated ( <  - l0mTorr) and 

back-filled with pre-purified argon five tfmes before sealing at a 

pressure of 150 Torr.  The ingots  were homogenized at 1300C. The 50, 

60 and 70% Nb alloys were homogenized f o r  24 hours; all others wese 

homogenized f o r  8 hours. Longer times were used f o r  the high niobium 



Melt Analyses of the Al loy  Cornpasitions 

Nominal Actual Worst-case Errors 

A l l  percentages I n  atomic percent Hb 



alloys because diffusion is more difficult in these alloys. Following 

homogenization, the ingots were quenched by breaking the tubes under 

water. (This was done to prevent the precipitation of the w phase 

which could have made swaging of some of the ingots impoesible,) 

The homogenized ingots  were swaged to 3mm rods without 

d i f f i c u l t y .  The area reduc t ion  of each swaging pass was about 20%. 

After swaging, t h e  rods were cleaned several times with acetone to 

remove the swaging lubricant, sanded, and then etched in the same 

solution as before. 

Post-factum, it was discovered that the homogenization quench 

introduced signPficant quantities of hydrogen into the alloys. To 

remove this hydrogen, the 3m rods were vacuum annealed as 800C. The 

-6 
annealing time was 3 hours, during which time the vacuum was "7x10 

Torr. The vacuum for the 20 and 25% Nb alloys, however, was only 

- l x l ~ - ~  Torr. The furnace was turned off and allowed to cool before 

opening after the anneal. A section of each a l l o y  was analyzed for 

impurities after this anneal. The results are shown in Table 2 . 3 .  

(Table 2.3a gives the results in -pat. ) 

To ver i fy  that there had been no tungsten contamination durtng 

arc melting, a s e c t i o n  of each a l l o y  was analyzed f o r  tungsten, These 

results are shown in Table 2.4. 

The alloys described in Tables 2.2 to 2 . 4  were those used in a l l  

subsequent investigations of the phase transfnrmations. The actual 

compositions of the a l loys  were in excel len t  agreement with the 

nominal compositions . The errors shown in Table 2 , 2  are as 



TABLE 2 . 3  

Impurity Analyses After t h e  Vacuum Anneal 
January 1983 

A l l  values in appm 

TABLE T.3a 

Impurity Analyses After the  Vacuum Anneal 
January 1983 

Total 

Total  

A l l  values in wppm 



TABLE 2.4 

Tungsten Contents of the Alloys 

AtX Nb 



pessimistic as possible -- the actual deviations from the nominal 

compositions were much less. Table 2.4 shows that  tungsten 

contamination from the arc melter was negligible. The anomalously 

high  value for the 60% alloy most likely was due to the  dffffculty 

encountered in the melting of t ha t  pa r t i cu la r  a l l o y .  

It is d i f f i c u l t  to determine t he  l eve l  at which interstitial 

impurities influence the phase transformations in t he .  Ti-Nb system. 

Most phase transformation studies reported in t he  literature give an 

insufficient accounting of ia te ts t l t ia l s .  While the present study has 

made no attempt t o  determine t h e  effects of interstitial 

contamination, A t  can provide a benchmark f o r  la ter  studies. To this  

end, the analyses of the four important interstitial8 have been given 

in Table 2.3, The total impurity content can be seen to range from 

,272 to .55%. This may appear t o  be unacceptably high f o r  a 

fundamental study such as this, but it should be reinforced that these 

are atomic percentages, not the customarily reported weight 

percentages. (The same range in weight percentages is .05% to .12%.) 

Due to the time interval between the date of the analyses shown 

in Table 2.3 and the last heat treatments, the a l loye  were analyzed 

again. The results are shown in Table 2.5. (Table 2.5a gives the 

analyses in wppm.) These alloys hsd been annealed at lOOOC and then 

furnace cooled to room temperature as par t  of the quench rate studies. 

The ,variations can be attributed to the differences in the two 

o r i g i n a l  ingots of each alloy and to the errok inherent in such 

analyses. 



Impurity Analyses After a Furnace Cool 
March 1985 

All values in appm 

TABLE 2.5a 

Impurity Analyses After a Furnace Cool 
March 1985 

Total 

Total 

A l l  values in wppm 



2.3 Heat Treatment Technique 

The phase transformations t h a t  were studied in t h i s  a l l o y  system 

occurred between l O O O C  and r oom temperature. These transformations 

could take place e i the r  during isothermal aging or during quenching. 

They also could be a f f ec t ed  by interstitial contamination. Thus it 

was necessary t h a t  t h e  heat treatment technique not  only prevent any 

further contamination of the specimens, but also minimize the 

complications due t a  competing tran~farmation reactions. 

The materials used f o r  all heat treatments were the  3mm rods 

described in section 2.2, For heat treatment, a 25 or 50mm length was 

cut with a l o w  speed diamond saw from a 3mm rod. This shor t  rod was 

ultrasonically cleaned, twice in acetone, twice in methanol, t o  remove 

any cutting fluid. The rod was n o t  etched before heat t r e a t i ng ,  

The cleaned rod was placed i n  a s i l i c a  tube with two titanium 

getters. The tube was evacuated {<  - l0mTorr) and back-f i l led with 

pre-purified argon f i v e  times and then sealed at a pressure of ( 

10mTorr. From the manufacturer's analysis of t he  argon, it was 

c a l c u l a t e d  t h a t  the impurity partial pressures of this atmosphere at  

-8 room temperature were: 
PN2 

= 1.5~10-~ T o r r ,  Po = 6 . 5 ~ 1 0  T o r r ,  PH = 
2 2 

9x10-' Tarr. (This translates t o  - 3 ~ 1 0 '  atoms f o r  each of these 

impurities, 1 

The sealed rods were p l a c e d  in a lOOOC furnace f o r  a eolution 

anneal and recrystallization. This anneal was necessary f o r  two  



reasons. F i r s t ,  it removed any transformation products, e.g. w in the 

high titanium a l loys ,  that might have formed during cooling after the 

vacuum anneal. Second, 'it removed the cold-work introduced during 

swaging. (Swaging produced a true strain of " 2  in the  3m rods.) 

Light  metallography showed that: the 20 - 35% Nb al loys  were well 

recrystallized after 8 hours at lOOOC, while the high niabium alloys 

(40 - 70% Nb) required 24 hours. 

During this anneal the titanium getters slowly vaporized, coating 

the inside of the tube, and the a l loy  rod, with titanium. As the 

titanium evaporated, it thoroughly geetered the argon atmosphere. 

Using the diffusion coefficients of the alloys, it was calculated that. 

the titanium which caated the rod would have di f fused  less than 1OPm 

into the rod. 

After recrystallization, the specimens received one of three 

thermal treatments* Some were quenched to room temperature from 

1000C. Others were quenched t o  room temperature and then isothermally 

aged. 'She third group a£ specimens was placed  directly into another 

furnace at the desired aging temperature. Following isothermal aging, 

the tubes were quenched to room temperature by breaking them under 

water. 

2.3.1 Quenching 

.. 

The three different quench rates used in the present study are 

shown in Figure 2.1. The fast water (FW) quench was produced by 



1 ODD 

TEMPERATURE (C) 

FIGURE 2.1 Quench rates produced in t h f s  study 
(Measured using the specimen shown in Figure 2 .2 )  



FIGURE 2.2 Schematic of the specimen used to measure the quench rates 
in this study 
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quickly taking a tube from the furnace and breaking it under water. 

Removing a tube f r o m  the  furnace and placing i t  on a table resulted in 

an a i r  cool  (AC) quench. (It should be noted that a i r  cooling was 

equivalent to taking a tube from t h e  furnace and quenching it in 

water, but no t  breaking it.) The slowest quench, furnace cooling 

(FC), was produced by turning off the  furnace and allowing the  

specimen t o  cool w i t h  the  f u r n a c e .  

The f a s t  water quench d i d  not always produce a uniform quench. 

When an evacuated tube was broken under water, water was sucked into 

the cube, bringing it i n t o  contact w l t h  the hot a l l o y  rod. Initially, 

this vaporized the water, which in turn blocked the passage of more 

water if the quartz tube had n o t  been completely shattered. This 

produced a momentary reduction i n  cooling, This effect could be 

minimized by ensuring that t h e  tube was broken near the  middle of the 

alloy rod. 

The quench rates shown in Figure 2.1 were measured using the 

specimen shown schematically in Figure 2.2. The specimen was a 6 4 m  

length of alloy rod through which a 978 (.41mm) hole had been drilled. 

The junction of a Pt/Pt-13%Rh thermocouple was placed in the center of 

t h e  rod. (Initially, Chromel/Alumel thermocouple wires were used; 

however, it was found t h a t  the thermocouple wires wet ted  the alloy rod 

at lOOOC and completely d i s s o l v e d . )  The leads were placed in shallow 

grooves in the sides of t h e  rod,  f ed  through a very fine alumina 

Insulator, and then out one end o f  the tube. This end was sea led  with 

epoxy. After the epoxy had hardened, the  tube was sealed under 



vacuum, as described above, through the other end. Cooling curves 

were recorded on a chart recorder. 

2 . 4  Resistivity Measurements 

Measurements of t h e  resist ivit ies  of several alloys were made for 

t w o  reasons. They provided an indirect measure of the occurrence of 

phase transformations and they provided needed data to the 

superconductivity community. Resistivities were measured a t  room 

temperature (*295K), 77K, and just above the superconducting 

transition temperature, Tc {"IOK).  

The device used f o r  measuring resistivities was based on a four 

point measurement technique. Each of f ou r  specimens was held as shown 

schematically in Figure 2.3. The specimens were 50mm lengths of heat 

treated 3tmn rods. The current leads held the specimen tightly against  

the f ixed  voltage taps, which were stainless steel knife edges. The 

gauge length was about 25mm. From an analysis of the factors that 

could contribute to errors in the  measurements, it was calculated that 

the relative errors in the resistivities were -6%. 

2 .5  Light Metallography 

Lighr metallography ) provided direct observation of the 

products of a phase transformation ar a coarse scale. The entire 

cross-section of a 3mm rod  cou ld  be studied to v e r i f y  that a 



FIGURE 2.3 Schematic of the apparatus used to measure resistivities 
between room temperature and 4,2K 



transformation had occurred uniformly throughout the rod (this was 

necessary f o r  the TEM and XRD evaluations .to be of value). The 

specimens polished for LM also were used for microhardness 

measurements . 
Specimens for tM were cut from one end of heat treated soda with 

a low speed diamond saw. The specimens were approximately 3mm long. 

Each was mounted iq bakelite or d i a l l y l  phthalate such t h a t  the 

freshly-cut end was exposed. The specimens were polished using the 

technique of Paul Danielson at Wah Chang, After polishing, the 

specimefis were etched in a solution of 2X HI?, 3% WQ3, and 95% H20m 

This was a slow etch which produced good tdcrostructusa3. detail. 

Microhardness measurements were made on polished, unetched specimens 

using a lOOg load. 

This technique ensured that the W specimens were representative 

of the pure, bulk alloys. Calculations using the impurfty diffusion 

coefficients showed that any c o n t a d n a t i o n  which may have occurred 

during beat treatment would be l i m i t e d  to a narrow surface layer in 

the rods. Far example, during a 100 hour heat treatment a t  500C, 

nitrogen would have diffused i n t o  the rod 'lQprn, oxygen, "60um. 

Because the polished face of the specimen was not an external surface, 

only the perimeter would have been susceptible to contatidnation. On 

examination, no contamination l aye r  was ever observed in a specimen. 

In addition to being free from contamination,' the polished face also 

was representative of the bulk alloy as it had been cut f r o m  t h e  

interior of the rod. 



2 . 6  Transmission Electron Microscopy 

Transmission electron microscopy (TEM) also provided direct 

observation of t h e  products of a phase transformarion, though at e 

much finer scale than W. TEM images provided information about the 

nuclea t ion  behavior and morphology of precipitates,  while selected 

area diffractfon (SAD) patterns yie lded  information about crystal 

structure# and orientation  relationship^ with the matrix, 

Conventional SAD, however, cannot be used to determine lattice 

parameters as accurately as x-ray diffraction. The TEM used in this 

investigation was a JEOL 200CX-II operated at 200keV. 

TEM specimens were cut from t h e  mid-section of a heat treated 

l eng th  of 3mm r o d  with a low speed diamond saw. (The end of t h e  rod  

was used for LM as noted above.) The disks were ultrasonically 

cleaned twice in acetone to remove the cutting fluid. The specimens, 

which were *.7m thick, were ground on both sides with 320 gr i t  S I C  

abrasive paper until they were ".2m t h i c k .  The disks were 

ultrasonically cleaned again in methanol. 

T E M  foils were prepared in a twin jet electropolisher 

comerc ia l ly  produced by E, A ,  Fischione. A solution of 2%,HF, 5% 

H 2 S 0 4 ,  93% methanol was used at -40 to -50C. The polishing current  

was -25mA, Immediately upon pe r fo ra t ion ,  t h e  f o f l  was removed from 

the s o l u t i o n  and thoroughly rinsed with methanol. The f o i l s  were 

stored in air .  



This specimen preparation technique also ensured that the 

observed phase transformations were representative of the pure, bulk 

a l loys .  This is particularly i m p o r t a n t  f o r  TEM specimens because t h e  

area exadned is extremely small. For comparison, the TEM specimens 

of most studies are punched from a thin sheet, and then heat treated 

and electropolished. 

An inev i table  consequence of e l e c r r o p o l i s h i n g  Ti-Nb alloys is the 

fntroduction of hydrogen from the e lectrolyte .  Even though they were 

pol ished at -50C in a very dflute solution of HF, the foils were 

suscep t ib l e  to contamination because of their extreme thinness. 

Interstitial hydrogen can produce t w o  ef fects  in a TEM specimen -- it 
can remain in solid solution,  expanding the BCC lattice, or it can 

lead to the  precipitation of hydridea. Nothing could be done to avoid 

examination of the material whf ch may have been swollen because such 

material was impossible to identify. Fiydride precipitation, though 

infrequently observed, was eas i l y  recognizable. Because hydridea 

formed at the edge of the hole in a TEM foil, observations were made 

In somewhat thicker regions of the foil. 

2.7 X-ray Dfffraction 

X-ray diffraction measurements (XRD) complemented the  T E M  crysta l  

structure information. Accurate l a t t i c e  parameter measurements and 

additional crystal  structure data were obtained with x-ray techniques. 



Powder f o r  x-ray specimens was f i l e d  from the heat  t reated rods 

af ter  the TEM specimens had been cut from them. Each rod  was mounted 

in an  automatic f i l i n g  dev ice  which f e d  the rod at a r a t e  of "40pm/min 

onto  a carbide r o t a r y  file rotating a t  '30,00Orpm, The r a d  was slowly 

rotated a t  ".05rprn as it was fed onto the file. Because most hear 

t reated Ti-Nb alloys caused some wear of t he  f i l e ,  a fresh s e c t i o n  of 

the file was used for each sod, This  minimized the amount of f i l e  

materiel that'became part of the powder, 

The powder was prepared  for annealing after f i l l ing.  Only that 

powder which passed through a 200 mesh sfeve ( i . e .  <75pm) was 

annealed. A th in  piece of niobium foil was rolled i n t o  a cylinder and 

one end f o l d e d  over,  Into this was placed a titanium rod and the 

sieved powder ( t h e  titanium rod acted as a getter during the anneal). 

The other end then w a s  closed and the cylinder put in a silica tube. 

The tube was sealed at a vacuum of < lOmTorr in the same manner as - 
descr ibed before.  

It was necessary t o  anneal the powders to remove t h e  strains 

in t roduced by filing. Though the  powder particles had a high surface 

to volume ratio, making them susceptible to contamination during the 

anneal, unannealed powders produced unuseable diffraction patterns. 

An extensive series of experiments demonstrate3 that the technique 

used d i d  not i n t r o d u c e  significant contamination (see MOF82). Each 

powder was annealed at t he  same temperature at which the  parent rod 

had been heat t r e a t e d  i n  o r d e r  t o  preserve the microstructure produced 

during the  heat treatment, The annealing t ime depended on the  



annealing temperature. The tubes were quenched by dropping them in 

water, but nut bkeaking them. ' 

The XRD specimens were prepared f rom the  annealed powders. The 

powders were s ieved wi th  a 400 mesh sieve. The powder that passed 

through this sieve (<38pm) was discarded because it had a higher 

impurity content due to i t s  very fine nature. The retained powder was 

poured into a .3m capillary f o r  x-raying, 

The diffraction patterns were recorded on film in a 114.6m 

diameter Debye-Scherrer camera, Nickel-filtered copper radiat ion was 

used and the exposure time was 8 hours for a filament: current of 20mA. 

Lattice parameters were determined by extrapolation on a 

Nelson-Riley plot. The values used f o r  the wavelengths in the 

calculasioas were: Ku =.154171nm; Kal = -154044nm; Ka2 =r .154426nm. 

Only those d i f f r a c t i o n  lines with Bragg angles >45' were used in the - 
extrapolations. This was done p r i m a r i l y  because t he  high angle l i n e s  

were less susceptible to measurement errors, the Nelson-Riley 

extrapolation e l iminat ing  the errors due to x-ray absorption. 

Typically, the h ighes t  angle BCC l ine occurred at "85' .  



2 .8  Summary 

The specimen preparation techniques described in this  chapter 

were developed with particular emphasis,placed on the minimization of 

interstitial contamination, Great care was taken to maintain t h e  high 

quality of the a l loys  throughout this 6 tudy . 
The only al loys  used in this study were descr ibed i n  s e c t i o n  2.2. 

Two a l loys  of each composit ion were melted and all alloys were 

prepared wfthin a short time span. This ensured uniformity in 

fabrication. Several impurity analyses were performed on the a l l o y s  

t o  monitor their qual i ty  during and a f te r  processing. 

One length cut f r o m  the 3mm stock rod provided a l l  the specimens 

scrutinized f o r  a given thermal treaFment. LM, TEM and XRD all were 

performed on specimens from t h e  one l eng th  (see Figure 2.4). This 

eliminated the chance of.conflicting results due to processing errors. 

Three direct observation techniques, and two ind i rec t  techniques 

were used to study the phase transformations. No one technique could 

provide all the information desired. Together, the use of these 

techniques y i e l d e d  a more complete understanding of the phase 

r e l a t i o n s h i p s  i n  t h i s  a l l a y  system, 



FIGURE 2.4 Schematic of the specimen origins from a 25mm l eng th  of an 
a l l o y  rod 





CHAPTER THREE 

METASTABLE .EQUILIBRIA 

3.1 In t roduc t ion  

The nature af the equilibrium phase diagram is such that above 

882.56 all TI-Nb alloys are single-phase 0. At lower temperatures, 

the  kinetics of the decomposition of the B phase to the stable 

t w o  -phase mixture are sluggish, allowlng the formation and observation 

of metastable phases. 

The metastable phase transformations observed in t h e  Ti-Nb alloy 

system are similar t o  thoee observed in alloys of titanium w i t h  other 

t r a n s i t i o n  elements. The Ti-Nb and TL-Ta systems possess the smallest 

differences i n  the atomic volumes of the constituents, being less than 

2%. When coupled with the fact that the d-shel l  electronic structure 

af niobium i s  differenr .  from that of vanadium and tantalum, one finds 

that the Ti-Nb system is unique among the  titanium-based a l loys .  

Perhaps due to these factors,  the metastable equilibria in this system 

also are mare complicated. 

Three metastable phases in this system have been identified by 

several independent investigations , They are a', a hexagonal 
.- 

close-packed martensite, a", an orthorhombfc martenslte, and u ,  a 

hexagonal modification of the body-centered c u b i c  matrix The 



composition limits of the two martensites do not  over lap ,  a l though 

those of a'' and w do. 

A fourth metastable phase, B', is the resul t  of a B phase 

misc ib i l i t y  gap. This phase has been well documented in other  alloy 

systems, but  has not  been identified unambiguously i n  t he  Ti-Nb 

syetem. 

This part of t h e  presen t  study was begun i n  an a t t empt  t o  

establish the limits of stability of the metastable phases. It a l s o  

was desired t o  correlate the metastable microgtuctures with two o f  the 

physfcal properties of these  alloys. The microstructGra1 results were 

found to be in general  agreement with t he  data of the literature. 

During the course of t h i s  study, however, several new results were 

obtained. 

Several factors a f f e c t  the metastable  e q u i l i b r i a  in the Ti-Nb 

a l l o y  system. The effect of alloy composition has been established' in 

the l i t e r a t u r e .  The effect of quench rate on  alloy mfcrostructure has 

been investigated by others ,  but only in a qualitative fash ion  in a 

few a l loys .  (The effect of quench ra te  on the phys ica l  properties of 

these alloys has received no a t t e n t i o n . )  The effect  of quenching 

p r i o r  to isothermal aging has not been s t u d i e d  p rev ious ly ,  The time 

and temperature of isothermal heat treatments are also important 

factors. The effects of a l l  of the  above factors were investigated in 

the present study. 

Not studied i n  t h i s  i n v e s t i g a t i o n ,  but of importance, were the 

e f fec t s  of interstitial conten t .  Very few of the s t u d i e s  in the 
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literature reported t h e  interstitial contents of their alloys. 

Instead, what were reported customarily were the impurities in the  

pure t i t an ium and niobium, Without impurity analyses of the alloys 

actually studied,  the quality of the alloy fabrication techniques can 

not be assessed and t h e  impurity levels in the alloys only estimated. 

Interstitial analyses for the alloys of the present study were given 

in section 2.2, 

This chapter is laid out in the following manner. A review of 

the pertinent literature is given first. Interspersed throughout this 

review are comments related to previous authors' interpretations or to 

conflicting results. Following the literature revtew are the results 

of the present study which have been divfded i n to  two sections -- the 
first pertaining to quenched alloys, the second, to quenched and aged 

alloys. The microstructures resulting from the various thermal 

treatments and their  effect on resistivfties and microhardnesses are 

reported and then discussed in each sect ion.  The final summary of 

t h i s  chapter presents an overview of these results in the form of a 

semi-quantitative metastable phase diagram. 

3.2 Martensitic Phases 

Titanium-niobium alloys have been shown to exhib i t  two farms of 

martensite, a' and a'". These martensitic phases have been faund in 
-. 

other al loys  of t i tan ium with transition elements as well (for 

examples see BR066 or COL84). The a' martansite forms in alloys with 



low niobium concentrations, a" at higher coneentratf ons. The a ' /  a" 

"boundary" has been r e p o r t e d  t o  occur a t  7% Nb (BA659), between 5 and 

10% Nb (BR066, JEP70), and at 11X Nb (MOR73). The high temperature 8 

phase is retained on quenching in al loys  i n  which the  composition is 

between 20 and 25X Nb (BR066), greater than 26% Nb ( H f C 6 9 ) ,  or >28X Nb 

(MOR73) . 

3,2.1 Crystal Structures and Orientation re la ti an ship^ 

The structure of the a' mar tens i t e  i s  HCP (BR066, JEP70, MOR73). 

The lattice parameters of a' a r e  the same as those of a and do not 

vary appreciably with niobium content,  a' obeys the BCClHCP Burger's 

or i en ta t ion  r e l a t i o n s h i p s  which are: 

(oool] U- J 1 ( o i l )  e 

<1120> a- I I I 

The transformation of B to a' can be accomplished by (COL84): 

a 10% contraction along [ loo]  which corresponds to [ 2 T i 0 ]  

a 10% expansion along [o~T] which corresponds to [0li$] 

a 1% expansion a long  [01L] which corresponds to [0001] 

The structure of a" is shown in Figure 3.1 (from MOR73). a" is 

C-centered orthorhombic wfth a space group of Cmcm (8AG59, BR066, 

HAT68, JEP70,  HOR73). The atom positions in a" are: (0, 0, O), (0, 

-2y, 1/21, ( 1 / 2 ,  1/2, 01, (112,  112-2y, 2 From intensity 

measurements of x-ray diffraction patterns, it has been estimated that 
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FIGURE 3.1 St ruc tu r e  of t h e  a" martensite showing how it relates to 
t h e  HCP and BCC s t ructures  (from MOR73) 



y is between .19 (MOR73) and .2 (BR0643, but may vary with composktion 

The orientation relationships of the two martensites are similar. 

The orientation of an w i t h  respect to B was shown to be (MT68, 

[ 1001 alp 2-3O from < o o ~ >  B 

[ O l O ]  a'' 2-3' from (110) B - 

The at' structure may be viewed as a transition between the HCP 

structure of a' and the  BCC structure of B .  By adjusting y, b and c, 

one can produce all three structures (MOR73). For example, an HCP 

structure is obtained when y = .I667 and b/a = $5 ( t h e  ideal  c i a  f o r  

HCP 18 ). A BCC structure i~ obtained when y = - 2 5 ,  b/a = fi 

and c /a  = a. 
The lattice parameters of the two martensites are shown in 

Figures 3,2a,  b and c, These figures demonstrate the t r a n s i t i o n a l  

nature of a" .  With the exception of the data f o r  t h e  25 - 28% Nb 

a l loys ,  the a" l a t t i c e  parameters in each figure fall fairly close to 

e s t r a i g h t  line. It is interesting t a  note that t h e  exkrapolatfons of 

each a" lattice parameter intersect t h e  HCP and BCC values at about 

7 . 2  and 30.6% Nb,  respectively. This would seem to indicate the 

compositional limits of a" formation. 

The data of section 3 . 2 . 2  show t h a t  M, is b e l o w  r oom temperature 

f o r  alloys with niobium compositions of more than about 25%* As 

Mornirali and Gantois (WOR73) d i d  not i n d i c a t e  t h a t  any of their 
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FIGURE 3.2a The a l a t t i ce  parameter of the  martensites 
(from the Literature) 
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FIGURE 3.2b The b/a  l a t t i c e  parameter of t h e  martensites 
( f r om the literature) 
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FIGURE 3.2~ The c/a lattice parameter of the martensites 
(from the l i t e r a t u r e )  



dlffraccion measurements were performed below room temperature, their 

lattice parameter data for the 25 - 28X Wb alloys are suspect. 

3.2,2 The M, Temperature and To 

The M, temperature as a function of composition i s  shown i n  

Figure  3.3 .  The transformation temperatures were observed as breaks 

in cooling curves. To effect fast quench rates, thin specimens were 

used, typica l ly  between .I3 and .5mm in thickness. A thermocouple was 

spot welded  to the specimen in order to measure i t s  temperature 

accurately. (It is interesting to note that  Chromel/Alumel 

thermocouples were used i n  several studies (DUW53, SAT60, XAN63). In 

sectfan 2.3.1 it w a s  reported that Chromel/Alumel thermocouples 

dissolved when in contact with Ti-Nb a l loys  at IOOOC.) As the niobium 

content of an alloy was increased, the amount of B phase material 

whfch transformed to martensite decreased. This resulted in a 

diminution of the thermal arrest signal, which eventually became t o o  

weak t o  measure below -300C (DUW53, SATGO). A reasonable 

extrapolation of she Ms data indicates tha t  an alloy of -32% Nb would 

have an M E  of OK. This l imit ing  composition for  the formation of at" 

is in good agreement with the a" lattice parameter extrapolations of 

Figures 3.2. 

The thermal arrest technique does not enable one to determine the 

nature  of a transformation, only that one took place. Flower, et al. 

(FL082) noted that in order for there to be an a'/a" " t r a n s i t i o n t q ,  
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FIGURE 3.3 The Ms data and calculations of To 
(from the literature) 



TABLE 3.1 

Regular Solu t fon  Parameters f o r  To Calculations 

A l l  values in cal/mele 



there must exfst two Ms curves, one for each martensite, and t h a t  they 

must cross. There is too much scatter in the data, however, to verify 

this . 
Calculated To curves also are shown in Figure 3.3. (To is the 

temperature at which t h e  free energles of the a and 6 phases are 

equal.) These are regular so lut ion  calculations based on the 

parameters shown in Table 3.1. M, should always fall below To. As 

can be seen, this is not always the case, particularly for the 

calcuLations of Murray (MPR84). 

There are two possible explanations f o r  this discrepancy. It is 

quite possible that the parameters uaed in the calculations are 

incorrect .  The parameters of Murray (MUR84) were derived by modelling 

the experimental data far the equilibrium phase diagram (see section 

4.4). These data are subject to some uncertainty (see Chapter 4 ) .  It 

is also very likely that: the M, specimens, due to t h e i r  thinness, 

became contaminated during the heating and quenching processes. This 

latter point will be discussed further in section 3.2.4, 

3.2.3 Quench Rate Dependence 

The quench rate sensitivity of Ti-Nb alloys varles with alloy 

composition, with the niobium-rich alloys being more sensit ive 

(JEP70). The study by Jepson, et: al. demonstrated t w o  interesting 

points in this regard. F i r s t ,  it was found that there wae a sharp 

drop in M s  for a given a l l o y  when the quench rate exceeded a c e r t a i n  



value.  Quench rates faster than this d i d  not cause Ms to vary. The 

drop in M, was negligible f o r  0 and 5% Nb alloys, about 20C f o r  a 10% 

Sb alloy, and f o r  a 17.5% Nb alloy had increased t o  about l25C. The 

cool ing ra tes  at which this drop occurred .are shown as the lower curve 

in Figure 3.4. 

The second interesting point ie t h a t  it was found t h a t  the 

marteasitic transformation could be cempletely suppressed in all 

al loys  using very high quench rates. These critical quench rates were 

found to vary with composi tfon and are #horn as the upper curve in 

Figure 3 * 4 .  Those al loys which retained the f3 phase on quenching 

could be transformed readily t o  marteasfte with deformation* The 

three regions in Figure 3 . 4  were labeled by Jepson, et al. M, is 

relatively fndependent of quench rate for quench rates and a l loy  

compositions between the curves (DUW51, JEP70). 

At high niobium concentrations and slow quench rates, it becomes 

poss ib le  f o r  the w phase to form during quenching. Morniroli and 

Gantoie (HOR73) reported that in an 11.4% Nb alloy, water quenching 

produced a"', while slow cooling yie lded w precipitates. A similar 

effect was observed in a 20.7% Nb alloy (HAT68). 

3.2 ,4  Effects of Interstitials 

The effects  of interstitial elements in solution are two-fold. 

Interstitials may result in an elevation or depression of M,, a n d / o r  

they may alter the crystal structure of the martensite. While no 
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FIGURE 3 . 4  Critical quench rates  for TI-Nb alloys (from JEP70) 



investigation has been made of these effects in the Ti-Nb system, some 

information may be deduced f r o m  the ava i l ab l e  data. 

Carbon, nitrogen and oxygen in s o l u t i o n  can lead to an elevation 

of Ms. K h a l e d ,  e t  al. (KHA81) have shown theoretically that these 

impurities lower t h e  free energy of t h e  a phase in titanium-based 

alloys. (This is corroborated by the Ti-C, Ti-M and Ti-0 phase 

diagrams (HAH58) .) This results in an increase  in To and, theref o r e ,  

Ms. Analysis of the specimen preparation techniques used in the 

studies cited in sections 3.2.2 and 3.2-3 indicates that interstitial 

contamination is to be expected in the thermal arrest specimens. In 

addition, the specimens could have become further contamFnated during 

the course of the Ms experiments themselves. To illustrate, using the 

impurity diffusion data for niobium (FRO76), one finds that oxygen 

could di f fuse  to the center of a .13mm specimen in "2.5 minutes at 

lOOOC (38 minutes would be required f o r  a .5mm specimen). Shorter 

times or Lower soaking temperatures would result in a contamination 

layer on t h e  surface of the specimen. Duwez (DUW51) observed 

transitions between 905 and 940C in pure titanium which were 

attributed to such contamination. 

Examination of the Ti-H phase diagram (HAN58) shows that hydrogen 

in solution stabilizes the 8 phase over the a phase. To effect  

extremely fast quench rates, Jepson, et al. (JEP70) chemically thinned 

t h e i r  specimens t o  .05 - .13mm in an HF solution. T h i s  would be 

expected to resul t  in significant hydrogen contamination of the 

specimens (see MOF82). It may be speculated, therefore, that their 



observed suppressions of the martensftic transformatian were t h e  

result of hydrogen contamination. 

Znterstftfals may also result in aa alteration of the martensftic 

structure. Hamnoad (HAM721 has suggested t h a t  the factors (f..e. 

interstitials) which give rise to a tetragonal diatostion of the 

martenaite in steels may also cause an orthorhombic distortion of the 

martensite in titanium alloys. While Hamond believes that carbon was 

the important impurity in both cases,  it has been shown (MOF82) that 

hydrogen in Ti-Nb allays causes a significantly expansion of the B 

phase PattFce, ultimately leading to a tetragonal distortion of the 

BCC s t r u c t u r e .  Thus, a l l  inters titials must be considered when 

examining thia possibility. In addi t ion ,  it may be pogsible for an a' 

+ distorted B structure to be misinterpreted as an orthorhombfc 

structure. 

3.3 The U Phase 

The w phase is a high pressure phase af pure titanium and 

zirconium. The P-T diagram of titanium is shown in Figure 3.5 

( B U N 6 5 ) .  An extrapolation of the ~ / w  boundary shows that at 

atmospheric pressure ( . l M P a ) ,  metastable w-Ti would transform to B-TI 

at -470C. In practice, however, it was found that w-Ti reverted to 

a-Ti between 200 and 300C (BUN65). This fac t ,  and other calculations 

have lead Vohra (VOH78) t o  suggest t h a t  t h e  u/w boundary i n  pu re  

t i t an ium may be susceptible  t o  considerable h y s t e r e s i s ,  
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FIGURE 3.5 The pressure-temperature phase diagram of pure titanium 
(from BUN65) 



Precipitates of the w phase have been observed in al loys  af 

t i t a n i u m  and zirconium w i t h  several other transition elements. 

Precip i ta t ion  has been found t o  occur during both quenching and 

isothermal aging, The w phase a l so  can be formed in Ti-Nb alloys upon 

application of hydrostatic pressure (AF073). In TI-Nb a l l o y s ,  ol 

precipitates have been observed in a l loys  with less than "302 Nb. 

3.3.1 Mechanics of Formation of the w Phase 

There have been several studies as to how the w phase forms 

(C0069, DEFIO, DEF71). It was shown (DEF70) that f o r  a particular set 

of interatomic farce constants, a BCC structure is unstable with 

respect to a transverse 1/3<112> phonon. This phonon i s  

crystallographically equivalent to a longitudinal 2/3<111> phonon. 

The e f f ec t  of these phanons can be visual ized  with the help of Figures 

3.6a and b, The 2/3<111> phonon leaves every third (111)$ plane 

unshifted, but collapses t h e  middle two together. The atomic shifts 

are i n  the (111) direct ion  and are only f i  aJ12 in length, f .e. l e s s  

than .05nm. Chang, et al. (CHA76), on the basis of high resolution 

TEM, demonstrated that this  process leads to the existence of three w 

subvariants. These are shown schematically in Figure 3 . 6 ~ .  

In  a later paper ( D E F 7 1 ) ,  it was postulated that the 8 .t w 

transformation required a thermally actfvated nucleation process. I f  

such were not  the case, a t o t a l  transfarmation of the 3CC l a t t i c e  to 

the w structure would occur.  It was proposed that t h e  B + w 



FIGURE 3.6 Schematics of the mechanism of w phaae formation 
a) 2 / 3 < l l l >  phonon and its e f fec t  on the (111)B planes  
b) Resultant u phase precipitate 





transformation would take place in a localized region of the crystal 

when the amplitude of a 2/3<111> phonon was large enough to overcome 

the free energy barrier between the two states. 

The size and internal structure of an w region depend on 

temperature (DEF71). At high temperatures, the w structure would not 

be able to form from the 8 matrix. With decreasing temperature, 

phonon energy and coupling decrease, allowing a partial collapse of 

the (Ill)@ planes and the formation of w regions with a broad B/w 

interface, The various 2/3<111> phonons act independently at low 

temperatures, permitting the complete collapse of the (111)B planes 

and the formation of w precipitates with sharp interfaces. This B + w 

transformation mechanism is reversible with temperature, provided that 

atomic diffusion does not alter the local composition, "locking-in" 

the w structure. The reversible nature of this mechanism was 

demonstrated by cooling a Ti - 8% Mo specimen in an electron 

microscope and observing the changes in the electron diffraction 

patterns (DEF71). 

3.3.2 Crystal Structure and Orientation Relationships 

The structure of the w phase is hexagonal with a space group of 

Pb/mmm (SIL58, SIL70, HIC69). The atomic positions in this structure 

are: (0, 0, O), (213, 113, 1/2), and (113, 213, 112). 

As noted in the previous section, the w phase is formed by a 

slight distortion of the B phase. The orientation relationships, 



which follow directly from the atomic displacements, are (SLL58): 

<0001> w 1 1  (111) B 

<llZ0> w 1 1  (110) B 

As there are 4 <Ill> directions in the BCC structure, there are 4 

variants of w precipitates. For each variant, there are 3 equivalent 

sub-variants (CHA76). 

The lattice parameters of the w phase also follow from the atomic 

displacements. The theoretical lattice parameters are: a, = f i  ag, 

c, = /j. aB/2, cla = .6124. For these lattice parameters, the atomic 

volumes of the w and k? structures are identical. Using XRD 

techniques, Hickman (HIC69a) measured the w lattice parameters in a 

Ti-Nb alloy and found: a =.4627nm, c =*2836nm, c/a = ,6129. 

3.3.3 Athermal w 

Very fine, "diffuse" w precipitates have been found in several 

Ti-Nb alloys after quenching from high temperatures. These 

precipitates, which cannot be observed by bright field TEM, are 

generally detected in electron diffraction patterns. The w phase 

reflections in these patterns can be used to form dark field images of 

the precipitates. The precipitates form as ellipsoids of revolution 

and range in size from 1 to 6nm in length, but are typically about 

2nm long. 

The precipitation of w on quenching depends greatly on the quench 

rateltemperature and alloy composition, It has been demonstrated 



(HAT68, MOR73) that in those alloys where a" may form, a fast quench 

will produce a", while a slow quench will produce w precipitates. 

Unfortunately, few studies have reported actual quench rates, giving 

instead the type of quench and the initial temperature. A summary of 

quench temperatures and alloy compositions for which athermal w phase 

precipitation has been observed is shown in Figure 3.7. 

A confusing result of the study of Balcerzak and Sass (BAL72) was 

that, for a given alloy, increasing the quench temperature promoted 

the precipitation of w over the formation of a". This result, which 

was not unders'tood by the original authors, is puzzling in that one 

would have expected the quench rate to have been faster the higher the 

quench temperature. On the other hand, the higher the quench 

temperature, the longer would have been the actual duration of the 

quench. This may have allowed sufficient time for the atomic shuffles 

which produce the w structure to have taken place. 

Another interesting result of the work of Balcerzak and Sass 

(BAL72) was the observation of rows of w precipitates in the <111>B 

directions, These appeared to coalesce on aging to form first "rafts" 

of precipitates, then larger precipitates. This row morphology has 

been observed in other alloy systems as well (SAS69, SAS72, DYA83). 

The composition of athermal w precipitates long has been assumed 

to be the same as that of the matrix (HIC69). This is reasonable in 

that during the quench there is insufficient time for any long range 

diffusion to occur. Good supporting evidence for this assumption was 

given by Lyon (LY081). Electron microscopy indicated extensive w 
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FIGURE 3.7 Microstructures produced during quenching 
from the indicated temperatures 
(from KRA67, HAT68, BAK69, VOZ70, BAL72, MOR73, LY081) 
A - B + w ,  V - B + a W ,  0 - B  



phase precipitation in a quenched 21.7% Nb alloy. Small angle x-ray 

scattering (SAXS), however, indicated that the .specimen was 

single-phase. As SAXS is sensitive only to differences in electron 

density, it was concluded that the precipitates and matrix must have 

been of the same composition. 

The effect of cooling below room temperature was the subject of 

two investigations of quenched Ti-V and Ti-Mo alloys (DEF71, DYA83). 

It was found, using TEM and XRD, that the w diffraction spots at room 

temperature were diffuse, indicating that the collapse of the ( 11 1 ) 8 

planes to form the w structure was incomplete. The w spots became 

sharper and more intense on cooling below room temperature. 

D'yakonova, et al. (DYA83) found that the spot intensities increased 

more than was calculated from the Debye-Waller effect. This increase, 

however, was compensated by a decrease in the dimensions of the 

diffraction spots in such a way that the total integrated intensity 

varied according to the Debye-Waller effect. These results implied 

that cooling did not cause the formation of additional U phase 

precipitates, but, rather, caused a refinement (i.e. a more complete 

collapse of the (111)8 planes) of the crystal structure of the 

existing w precipitates. (It is not clear, however, that this was the 

original interpretation.) The diffraction effects were found to be 

reversible with temperature. These results confirm the theory of the 

mechanics of w phase formation of deFontaine, et al. (DEF71). 



3.3.4 Isothermal w 

It is implicitly understood in all studies of the isothermal 

formation and growth of w phase precipitates that the specimens 

examined had been quenched from the high temperature, single-phase 

region to room temperature first, and then aged at an elevated 

temperature. There has been only one report (FROSO, investigating a 

commercial Ti-Mo-Zr-Sn alloy) of the isothermal formation of w phase 

precipitates without an intervening room temperature quench. Because 

of this, the effect of heating on the original, as-quenched 

microstructure must be considered when discussing the isothermal w 

phase . 
The original, as-quenched microstructures may consist of either 

B s  B + a" or B + w ,  depending upon alloy composition and quench rate. 

The short term effect of heating on the B and B + w structures has not 

been studied in detail. It was noted in passing (LY083), however, 

that resistance measurements indicated that a 21.7% Nb alloy -- which 
initially had a B + o structure -- reverted to B at 200 - 300C during 
reheating and then reformed a B + w structure isothermally at 300 - 
450C. 

The decomposition of the B + a" structure has been reported to 

follow two different paths (HAT68, BAK69, HLC69a, FL082). The first 

two studies, using LM, XRD and TEM, reported that in "21% Nb alloys 

complete reversion of a" to B occurred within 2 - 4 minutes at 330C and 
that precipitation of the w phase began after "5 minutes. Hickman 



(HIC69a) found that a" reverted to B followed by the immediate 

precipitation of w during aging above 200C for a 22% Nb alloy, 150C 

for a 25% Nb alloy,. 

Flower, et al. (FL082) have interpreted TEM micrographs to 

indicate that a" in Ti-Nb (and Ti-V and Ti-Mo) alloys undergoes a 

spinodal decomposition. This mode of decomposition was observed in 

quenched alloys as well as in a 7.7% Nb alloy heat treated 100 minutes 

at 525C and an 11.4% Nb alloy heat treated at 37%.  Above these 

temperatures i t  was found that a" reverted to B .  Because the 

interdiffusion coefficient increases exponentially with decreasing 

niobium content (see section' 4.2.4), it is difficult to correlate the 

results of Flower, et al. with those cited above. On the basis of 

related investigations (DAV79, DAV79a), it may be assumed that the TEM 

specimens of Flower, et al. were electropolished. Microstructures 

similar to those observed by Flower, et al. were observed during the 

course of the present study and were concluded to be electropolishing 

artifacts. For these reasons, the interpretations of Flower, et al. 

are subject to some doubt. 

At the aging temperature, w phase precipitates form and grow. 

The temperatures and compositions at which isothermal w phase 

precipitation has been observed are summarized in Figure 3.8, As for 

the athermal form, the precipitate morphology is that of an ellipsoid 

of revolution with the ratio *of the major to minor axes generally 

being 2.5 - 3 (KRA67, BAK69, VOZ7.0, LY081), though ratios as high as 5 

have been reported (KRA67, BAK69). A rod-like morphology has been 
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FIGURE 3.8 ~ i c r o s t r u c t u & s  produced d u r i n g  i s o t h e r m a l  ag ing  
a t  t h e  i n d i c a t e d  t e m p e r a t u r e s  
( f rom KRA67; HAT68, BAK69, HIC69a, VOZ70, BAL72) 
a-B+w,  V - B + a  



reported in a commercial Ti-Mo-Zr-Sn-0 alloy (FAT83) in which the 

ratio of the axes was -10. 

The kinetics of the growth of isothermal w were the subject of 

two studies (MOR73, LY081). Studying a 16.7% Nb alloy Morniroli and 

Gantois (MOR73) found that the size distribution of the precipitates 

was narrow for aging times up to 2 hours. This broadened considerably 

with increasing time. For times up to 120 hours at 400C, it was found 

that the major axis of the precipitates lengthened as t 'I3. An 

activation energy of -21 kcal/mole was derived from measurments of the 

precipitate growth as a function of temperature for 2 hour heat 

treatments between 391 and 453C. Using their tabulated data, however, 

an activation energy of only 16.7 kcal/mole was calculated in the 

course of this review. 

Lyon (LY081) used both TEM and SAXS in his investigation of the w 

phase growth kinetics in a 21.7% Nb alloy. The specimens initially 

consisted of B + w. The precipitate size distributions were found to 

vary in the same manner as noted above (MOR73). On the basis of TEM 

measurements, the major axis of the precipitates was found to increase 

as t1I5 for times up to 232 hours for temperatures between 378 and 

438C. SAXS measurements of the length of the major axis always 

yielded values about 1.6 times smaller than those measured using TEM. 

In addition, the SAXS measurements of the precipitate dimensions 

showed little time dependence for aging times longer than 25 hours. 

These results are in marked contrast to that of Morniroli and Gantois 

(MOR73). The SAXS intensity curves also indicated that the w 



precipitates did not have a uniform electron density. The differences 

in the TEM and SAXS results were reconciled by proposing that the w 

precipitates were poor in Nb, but were surrounded by Nb-rich shells. 

(This shell/precipitate structure has been proposed by others (HAT68, 

BAK69) as well.) The uncertainties in the interpretations of the SAXS 

measurements, however, leave the appropriateness of this proposal in 

some doubt. 

The discrepancies in the growth kinetics between these two 

studies are yet to be resolved. The answer may lie in the different 

compositions of the two alloys, or in differences in the initial 

state, vacancy supersaturation, or interstitial content of the two 

alloys. 

The composition of the isothermal form of the w phase was 

investigated by Hickman (HIC69a) using the XRD technique of Bond 

(BON60). The change in lattice parameter of the matrix was measured 

as a function of heat treatment time and temperature in order to 

determine the composition of the matrix. The intensities of the B and 

w reflections were measured and used to calculate the volume fraction 

of w precipitates. These data were combined to calculate the 

composition of the w phase precipitates. It was concluded that the 

terminal w composition was about 9% Nb. 

The results of this study are subject to some doubt for the 

following reasons. The method of determining the w phase volume 

fraction was not clear, though it is quite important to the 

compositional calculations. At short aging times . it was found that 



the B phase lattice parameter contracted instead of expanded, This 

was attributed to elastic effects, which seems doubtful in that the 

atomic volumes of titanium and niobium differ by less than 2% (BAR66). 

The atomic volume differences of the constituents of the other alloys 

investigated (Ti-Mo, Ti-Fe, Ti-Cr) are much larger, yet similar 

effects were not noted. The error in the lattice parameter 

measurements was stated as being - t.02pm (the Bond technique can be 

precise to - t.001pm (BON60)). Shifts of only .06 to .lpm were reported 

in alloys of 22 and 25% Nb. In alloys of these compositions, the 

variation of the BCC lattice parameter with composition is only about 

.Olpm/at%,Nb (see section 4.5.2). The results of section 4.5.2 also 

show that variations in the lattice parameter of the magnitude 

measured by Hickman may be due to variations in the preparation of XRD 

specimens. All of these combine to make an estimate of matrix 

composition based on the B phase lattice parameter very difficult. 

3.3.5 Effects of Interstitials 

There have been several studies of w phase formation as a 

function of interstitial content. Unfortunately, only one was 

concerned specifically with the Ti-Nb system (HAN85) -- the rest 

investigated either the Ti-V or Ti-Mo systems. In addition, most of 

the studies used indirect methods to examine the effects of 

interstitials -- only four used TEM or XRD (PAT73, FRO80, HAN85, 

HAY 85) . 



The effects of oxygen are fairly well established. Examining a 

22.5% Nb and a 22.5% Nb + 1.3% 0 alloy with TEM, Hanada, et al. 
- 

(HAN85) found that oxygen suppressed the formation of athermal w and 

retarded the growth kinetics of isothermal w. At the same time, 

precipitation of a was enhanced. The same effects we$e observed by 

Froes, et al. (FR080) in a Ti-Mo-Zr-Sn alloy. Paton and Williams 

(PAT73) found that oxygen additions lowered the start temperature in 

several Ti-V alloys. In a 19% V alloy, the w start temperature was 

lowered from OC for an oxygen content of .076%,0, to -165C for 

.227% 0. 

It is interesting to note that &-titanium oxide has the same 

crystal structure as the w phase. The composition of this oxide has 

been estimated to be Ti20 and its lattice parameters are: a = .499nm, 

c = .288nm, c/a = -5767 (AND59). 

There are conflicting interpretations as to the effect of 

hydrogen additions on w phase formation. Using XRD techniques, Hayman 

and Gerberich ( ~ ~ 8 3 )  found that up to 9.8% H in an 8.7% Mo alloy had 

no effect on the formation of athermal w, although both the B and w 

lattices were expanded. In an 11.1% Mo alloy, however, they found 

that 12.9% H suppressed athermal w formation. In contrast to this 

study, the data of several investigations based on measurements of 

internal friction and the elastic moduli in Ti-V and Ti-Mo alloys have 

been interpreted as indicating that hydrogen additions promote the 

B + w transformation (AHL78, PAT75, PAT76). ~uiles and Ono (GUI76), 

however, using the same techniques, were more cautious in their 



analysis and effectively discounted the previous claims. As this 

debate is centered on the analyses of internal friction measurements 

in alloy systems not of immediate interest, no conclusions about the 

effect of interstitial hydrogen on the formation of the w phase in 

Ti-Nb alloys can be drawn. 

3.4 Related Phenomena 

Measurements of resistivity and microhardness are often used to 

follow the course of a precipitation reaction. In addition, they 

provide valuable information to the engineering and physics community. 

These techniques, though, provide only indirect measures of a 

particular reaction -- they cannot, of themselves, identify the nature 
of a reaction. 

There have been several investigations which have included 

measurements of resistivity and hardness. As noted in sections 3.2 

and 3.3, the microstructures of the high titanium alloys are very 

sensitive to thermal history and to interstitial impurities. Most of 

the studies to be discussed in this section gave insufficient details 

of their sample preparation techniques and offered scant 

microstructural information, making interpretation of their results 

difficult. Consequently, the resistivity and hardness data will be 

given at this point for completeness and future reference, but a 

detailed analysis will not be offered until the discussion of the 

results of the present study. 



3.4.1 Resistivity Measurements 

Measurements of the resistivity, P, of alloys of titanium with 

other transition metals have shown two anomalies (COL84). The 

compositional dependence of the isothermal resistivity does not 

exhibit the expected solid solution behavior. Also, the resistivities 

of several high titanium alloys show a negative temperature 

dependence, i.e. they become more resistive with decreasing 

temperature. For a summary of results pertaining to related alloy 

systems, see the review of Collings (COL84). 

The composition dependence of P for Ti-Nb alloys is shown in 

Figures 3.9a and b. The data in Figure 3.9a are for 273 and 77K (73K 

for AME54), those in Figure 3.9b for Tc (1.2K in a magnetic field for 

BER63). All of the specimens used in these investigations had been 

annealed and quenched, with the exception that some of those of 

Berlincourt and Hake (BER63) had been cold-worked. 

The temperature coefficient of resistivity, ap/aT, between 273 

and 77K is shown as a function of composition in Figure 3.10. The 

data of both Ames and McQuillan (AME54) and Prekul, et al. (PRE75) 

showed slight positive deviations from linearity between 273K and 77K. 

The latter set of data also showed that below about 40K, ap/aT 

approached 0. The data of Prekul, et al. and Hochstuhl and Obst 

(HOC82) showed that for those alloys with a negative a~/aT, the 

resistivity reached a maximum around 80K, below which temperature 

ap/aT was positive, 



ATOMIC PERCENT Nb 

FIGURE 3.9a Resistivities of Ti-Nb alloys (from the literature) 
Open symbols: room temperature resistivities 
Closed symbols: 77K resistivities 



FIGURE 3.9b Resistivities at T c  (from the literature) 
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FIGURE 3.10 Temperature c o e f f i c i e n t  of t h e  r e s i s t i v i t y  between room 
tempera tu re  and 77K (from t h e  l i t e r a t u r e )  
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These studies did offer some microstructural and processing 

information about their specimens. LM of the 20% Nb specimen used by 

Ames and McQuillan showed retained 13. The 10, 20 and 25% Nb specimens 

of Berlincourt and Hake were found not to be single phase (using XRD), 

but the phases present, other than B,  were not determined. All but 

the 25% Nb specimen of Prekul, et al. were water quenched from 1100C. 

Hochstuhl and Obst assumed that their specimen was single phase 8 .  

Sections 3.2 and 3.3 showed that alloys whose compositions are 

between 18 and 30% Nb form either B + a" or B + on quenching. This 

is just the range of compositions4 in which a negative ap/aT has been 

observed. Since only extremely fast quench rates may produce single 

phase B specimens (JEP70),  it may be concluded that those specimens 

assumed to be single phase (AME54, HOC82), as well as the 25% Nb alloy 
' 

of Prekul, et al., in fact consisted of B + w .  

The anomalous composition dependence of P has been discussed in 

the literature (COL74, LAR80), but has not received intensive 

experimental study. Collings (COL74) suggested that it is due to a 

combination of irreversible w phase precipitation and soft phonons, 
\ 

the latter being the source of anomalous resistivity in solute rich 

alloys. Larbalestier ( M 8 0 )  'attributed this anomaly to an increasing 

phonon amplitude caused by a decreasing shear modulus as the B transus 

is approached. 

There has been much discussion in the literature as to the cause 

of the anomalous temperature dependence of the resistivities of 

titanium-based alloys. It has been attributed either to the 



r e v e r s i b l e  f o r m a t i o n  of a thermal  w p r e c i p i t a t e s  (H072, COL74, COL78), 

t o  t h e  r e f inemen t  of t h e  c r y s t a l  s t r u c t u r e  of e x i s t i n g  w p r e c i p i t a t e s  

(DYA83), o r  t o  t h e  BCC l a t t i c e  i n s t a b i l i t y  which c a u s e s  t h e  

p r e c i p i t a t i o n  (CHA74, COL74). 

D'yakonova, et  a l .  (DYA83) used TEM t o  s t u d y  t h e  e f f e c t s  of  

c o o l i n g  on a  series of quenched Ti-V a l l o y s .  On t h e  b a s i s  of SAD 

measurements, i t  was de termined t h a t  c o o l i n g  t h e s e  a l l o y s  r e s u l t e d  i n  

a  more comple te  c o l l a p s e  of t h e  (111)B p l a n e s  i n  t h e  as-quenched w 

p r e c i p i t a t e s ,  r a t h e r  t h a n  i n  an  i n c r e a s e  i n  t h e  amount of w phase  

p r e c i p f i a t i o n  ( s e e  s e c t i o n  3.3.1) .  I n t e n s i t i e s  of t h e  w p h a s e  

r e f l e c t i o n s  were  measured a t  room t e m p e r a t u r e  and a t  -160C ( o r  -180C) 

and t h e i r  r a t i o s  de t e rmined .  I n  t h e  19 and 23% V a l l o y s ,  t h e  measured 

i n t e n s i t y  r a t i o s  were 4  t o  5 times t h e  c a l c u l a t e d  v a l u e s ,  and a p / a T  

was found t o  be n e g a t i v e .  I n  t h e  o t h e r  a l l o y s  ( 1 3 ,  17  and 40% V ) ,  

ap/aT was p o s i t i v e  and t h e  i n c r e a s e  i n  t h e  i n t e n s i t y  r a t i o s  was o n l y  . 
20 t o  60% above t h e  c a l c u l a t e d  v a l u e s .  

S tudying  a s e r i e s  of Ti-Cr a l l o y s ,  Chandrasekaran ,  e t  a l .  (CHA74) 

concluded t h a t  a n e g a t i v e  a p / a T  was due t o  t h e  i n s t a b i l i t y ,  p e r  s e ,  of  

t h e  BCC l a t t i c e  w i t h  r e s p e c t  t o  t h e  w s t r u c t u r e .  Two a l l o y s  which  

e x h i b i t e d  a n e g a t i v e  ap/aT were examined i n  a n  e l e c t r o n  microscope  

us ing  a c o l d  s t a g e  c a p a b l e  of a t t a i n i n g  "93K. N e i t h e r  showed e v i d e n c e  

i n  SAD of t h e  f o r m a t i o n  of w p r e c i p i t a t e s .  From t h i s  i t  was concluded 

t h a t  a  n e g a t i v e  ap/aT was a  p r o p e r t y  of  t h e  m e t a s t a b l e  BCC l a t t i c e  

i t s e l f  and w a s  n o t  due t o  t h e  r e v e r s i b l e  f o r m a t i o n  of a t h e r m a l  w phase  

p r e c i p i t a t e s .  I n  a d d i t i o n ,  i t  was no ted  t h a t  t h e  same a l l o y s  a f t e r  
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isothermal aging, which did produce w precipitates, possesed a 

positive value of ap/aT. 

Hochstuhl and Obst (HOC82) proposed the same mechanism for a 22% 

Nb alloy; however, they postulated that at about 80K (the temperature 

of maximum resistivity in their alloy), w precipitates formed, 

allowing the lattice to relax and exhibit a positive ap/aT with 

further cooling. Their curve of P vs T was found to be reversible 

with the exception that plastic deformation at 180K caused Po to drop 

significantly and DP/BT to be always positive. 

3.4.2 Vicker's Hardness Measurements 

The results of hardness measurements on annealed and quenched 

alloys are shown in Figure 3.11. The data of Guzei (GUZ66), Guseva 

(GUS82) and Collings (COL84) are in fairly good agreement. (The data 

of GUS82 were obtained from alloys which had been quenched from 

1000C.) These data show a sharp maximum at approximately 13.5% Nb. 

The data of Bagariatskii, et al. (BAG59) exhibit the same 

compositional dependence, though at significantly greater hardness 

values . 
Some microstructural information was given in these studies as 

well. The upper limit of martensite formation was determined to be 

-12% Nb (GUZ66 using LM) or "14.5% Nb (BAG59 using XRD). XRD also 

indicated that the 12 to 20% Nb alloys of GUS82 contained $ + a" t w .  

Precipitation of the w phase was found to be responsible for the peak 
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FIGURE 3.11 Vicker's hardness numbers (from the literature) 



in the hardness curve (BAG59, GUS82). Alloys containing more than 20% 

Nb were found to be single phase 13. 

3.5 Results of the Present Investigation - Quenched Alloys 

The effect of quench rate on microstructure was investigated in 

this part of the present study. The alloys were quenched to room 

temperature after recrystallization at 1000C. The measurement of the 

quench rates produced in this study was discussed in section 2.3.1. 

These quench rates are shown again in Figure 3.12. 

The microstructures produced during quenching were found to be in 

general agreement with the data of the literature. Sot reported in 

the literature, however, were the significant effects these 

microstructures had on the resistivities and hardnesses of these 

alloys. 

3.5.1 Microstructures Resulting from the Fast Water Quench 

The FW quench produced a martensitic structure in the 20 and 

25-FW specimens. An SAD pattern and bright field micrograph from the 

20-FW specimen are shown in Figures 3.13a and b. The 0 + a" 

diffraction pattern is very similar to the B + a pattern (see Appendix 

A). The a" orientation relationships given in section 3.2.1 are 

confirmed in this diffraction pattern. The bright field image shows a 

strained and heavily faulted microstructure. Large regions of single 
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FIGURE 3.12 Quench r a t e s  p r o d u c e d  i n  t h e  p r e s e n t  s t u d y  (measured  
u s i n g  t h e  s p e c i m e n  shown i n  F i g u r e  2 . 2 )  



FIGURE 3.13 TEM micrographs of t h e  20-Fii specimen 
a )  [110]  SAD p a t t e r n  showing fi and a" r e f l e c t i o n s  
b )  B r i g h t  f i e l d  image 



phase B were quite common in the 20-FW TEM specimen, These B regions 

showed no evidence of w phase precipitation, though there was some 

very slight reciprocal lattice streaking in the w positions. 

Light metallography indicated that the 25-FW specimen had 

substantially, but not completely, transformed to martensite. This 

was evident in the center of the specimen where very fine w phase 

precipitates in a B matrix were found using TEM. 

The 30 and 35-FW specimens were found to be single phase 8. SAD 

patterns from these specimens, however, showed some reciprocal lattice 

streaking (examples of this streaking will be given in section 3.5.2). 

This streaking, which is the result of the BCC structural instability, 

indicated that the transformation of the matrix to the w structure was 

in its very early stages, but had not produced actual precipitates. 

This condition will be referred to hereafter as the formation of 

"virtual" w precipitates. 

The 30-FW LM specimen was submerged in liquid nitrogen in an 

attempt to produce a martensitic structure. No rumpling of the 

specimen surface was observed after warming the specimen to room 

temperature. 

X-ray diffraction studies of the 20-FW specimen were complicated 

by the metastable nature of the microstructure. It was found that 

powders of this specimen did not retain the martensitic microstructure 

through the filing and annealing processes. In order to obtain some 

information about the martensite, a solid specimen was used. A short 

length of 3mm rod was cut from the 20% Nb alloy, annealed at lOOOC and 



PW quenched, and then round-rolled until it was ".5mm in diameter. 

This wire was sealed in a quartz tube, as described in section 2.3, 

and annealed for 2 hours at 1000C. 

The FW quench was difficult to reproduce in the wire specimen. 

It was undesirable to quench such a small specimen directly into water 

because of contamination considerations. It was found, however, that 

a residual argon atmosphere of 100 Torr, coupled with quenching the 

tube, without breaking it, into liquid nitrogen produced a martensitic 

specimen. 

The d-spacings determined for the 20-FW wire specimen are given 

in Table 3.2. Due to the relative bulk of the specimen, absorption of 

the Cu Ka x-rays caused the low angle diffraction lines to be shifted 

significantly. The orthorhombic lattice parameters were not 

calculated, though the diffraction pattern could be indexed as 0 + a" .  

3.5.2 Microstructures Resulting from the Air Cool Quench 

The AC quench allowed the formation of w phase precipitates in 

many of the AC specimens. The presence of w precipitates could be 

detected easily in SAD patterns. SAD patterns from the AC specimen 

series are shown in Figures 3.14a - h. For an analysis of these 

electron diffraction patterns, see Appendix A. 

The w diffraction spots gradually become less sharp as the 

niobium content of an alloy is increased. Using these spots, the w 

precipitates could be imaged in dark field in the 20 and 25-AC 



TABLE 3.2 

d-spacings of t h e  20-FW Wire Specimen 

d (nm> HKL ( a " )  HKL ( 8 )  



FIGURE 3.14 [ I101  SAD patterns of the AC specimens showing the change 
in w phase precipitation from "real" to "virtual" 
a) 20-AC, b) 25-AC, c) 30-AC, d )  35-AC 



F I G U R E  3 . 1 4  [110]  SAD patterns of the AC specimens showing the change 
i n  w phase precipitation froin "real" to "virtual" 
e) 40-AC,  f )  5 0 - A C ,  g) 6 0 - A C ,  h )  7 0 - A C  



specimens. A s  a  consequence, t h e s e  p r e c i p i t a t e s  were c l a s s i f i e d  a s  

" rea l " .  The i n t e n s i t i e s  of t h e  w r e f l e c t i o n s  i n  t h e  SAD p a t t e r n  of 

t h e  30-AC specimen were i n s u f f i c i e n t  t o  produce a  da rk  f i e l d  image, 

though t h e y  a r e  s h a r p e r  and more i n t e n s e  than  t h o s e  of t h e  30-FW 

specimen. The o t h e r  specimens appear t o  be s i n g l e  phase 0 ,  though 

cons iderab le  r e c i p r o c a l  l a t t i c e  s t r e a k i n g  can be observed i n  specimens 

wi th  composit ions of up t o  50% Nb. A s  i n  t h e  30 and 35-FW specimens, 

t h i s  s t r e a k i n g  i n d i c a t e s  t h e  presence of " v i r t u a l "  w p r e c i p i t a t e s .  

( I t  should be noted t h a t  i n  o rder  t o  show t h i s  s t r e a k i n g ,  t h e s e  SAD 

p a t t e r n s  rece ived  "10 times t h e  exposure of o t h e r  d i f f r a c t i o n  

p a t t e r n s .  ) 

Represen ta t ive  of t h e  mic ros t ruc tu res  of t h e  20, 25 and 30-AC 

specimens a r e  those  shown i n  Figures  3.15a, b  and c.  F igure  3.15a i s  

a  dark f i e l d  micrograph of t h e  20-AC specimen showing dense 

p r e c i p i t a t i o n  of ve ry  smal l  w p r e c i p i t a t e s .  It should be remembered 

t h a t  t h e s e  p r e c i p i t a t e s  r e p r e s e n t  only 1 / 4  of t h e  t o t a l  w phase 

p r e c i p i t a t i o n .  

The b r i g h t  f i e l d  micrographs i n  Figures 3.15b and c  show a  very 

d i f f e r e n t  type  of p r e c i p i t a t e .  Extensive t i l t i n g  of t h e  specimen d i d  

not  produce any a d d i t i o n a l  r e f l e c t i o n s  i n  SAD, nor d i d  i t  cause t h e  

appearance of t h e s e  p r e c i p i t a t e s  t o  change a p p r e c i a b l y ,  The 

p r e c i p i t a t e s  a r e  v i s i b l e  i n  b r i g h t  f i e l d  due t o  t h e  l a r g e  s t r a i n  

f i e l d s  surrounding each.  These s t r a i n s  i n d i c a t e  t h a t  t h e  p r e c i p i t a t e s  

a r e  a t  l e a s t  semi-coherent w i t h  t h e  matrix.  



FIGURE 3.15 TEM mic rog raphs  of  t h e  20-AC spec imen  
a )  Dark f i e l d  image showing a t h e r m a l  w p r e c i p i t a t e s  
b and c )  B r i g h t  f i e l d  images  showing unknown p r e c i p i t a t e s  
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The 20-AC LM specimen showed a  densely  p r e c i p i t a t e d  s t r u c t u r e ,  

but i t  was beyond t h e  r e s o l v i n g  power of LM, There appeared t o  be 

t r ans format ion  f r e e  zones a t  t h e  g r a i n  boundaries.  The r e s t  of t h e  LM 

specimens appeared t o  be s i n g l e  phase. 

Pol ished specimens of t h e  20 and 25-AC a l l o y s  were submerged i n  

l i q u i d  n i t r o g e n  i n  an a t t empt  t o  produce a  m a r t e n s i t i c  s t r u c t u r e .  

Again, no s u r f a c e  rumpling was observed a f t e r  warming t h e  specimens t o  

room temperature .  

The x-ray d i f f r a c t i o n  p a t t e r n  of a  20-AC wi re  specimen was 

confusing.  The d i f f r a c t i o n  p a t t e r n  i n d i c a t e d  a  two phase s t r u c t u r e ,  

but t h e  second phase could n o t  be indexed a s  w. The d-spacings 

determined f o r  t h i s  specimen a r e  g iven  i n  Table 3.3. 

3.5.3 Micros t ruc tu res  R e s u l t i n g  from t h e  Furnace Cool Quench 

The genera l  m i c r o s t r u c t u r a l  f e a t u r e s  of t h e  AC specimen s e r i e s  

were reproduced i n  t h e  FC specimen s e r i e s .  The slower coo l ing  

r e s u l t e d  i n  sharper  and more i n t e n s e  w phase r e f l e c t i o n s  i n  t h e  SAD 

p a t t e r n s  of t h e  specimens. This  was p a r t i c u l a r l y  n o t i c a b l e  i n  t h e  35% 

Nb specimen. The FC quench a l s o  allowed f o r  growth of t h e  w 

p r e c i p i t a t e s  dur ing t h e  quench. This  can be seen i n  t h e  micrographs 

of F igures  3.16a and b. These a r e  da rk  f i e l d  micrographs of t h e  20-AC 

and 20-FC specimens. It can be seen  t h a t  t h e  w p r e c i p i t a t e s  i n  t h e  FC 

specimen a r e  l a r g e r  and have g r e a t e r  d e f i n i t i o n  than those  i n  t h e  AC 

specimen. 



TABLE 3.3 

d-spacings of the 20-AC Wire Specimen 



'FIGURE 3.16 Comparison of w phase precipitation as a function of 
quench rate (Dark field images) 
a) 20-AC , b) 20-FC 



Precipitates of the type shown in Figures 3.15b and c were not 

found in the 20-FC TEM specimen. They were observed, however, in the 

25 and 35-FC TEM specimens. 

3.5.4 Resistivities of the Quenched Alloys 

The isothermal resistivities as a function of composition for the 

FW and AC specimens are shown in Figures 3.17a, b and c for room 

temperature ("295K), 77.4K and Tc (-lOK), respectively. (All of the 

alloys in this study became superconducting in liquid helium, so the 

resistivities reported for Tc are actually the normal state 

resistivities just above the superconducting transition temperature, 

Tc.) The data are presented in Table 3.4. These resistivity values 

were found to be reproducible with temperature cycling. 

Several results are demonstrated in Figures 3.17. There is no 

indication of conventional solid solution behavior -- the 

resistivities show a continued increase with decreasing niobium 

content. For alloys with compositions of 30% Nb' or more, the 

resistivities are not significantly affected by quench rate. The 

resistivities of the 20 and 25-AC specimens are greater than those of 

the 20 and 25-FW specimens at all temperatures. Below room 

temperature, the resistivities of the 20 and 25-FW specimens drop 

significantly while those of the 20 and 25-AC specimens remain high. 

This marked effect due to quench rate has not been reported in the 

literature. 
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FIGURE 3.17a R e s i s t i v i t i e s  a t  room temperature  of t h e  
FW and AC specimens ( d a t a  given i n  Table 3.4) 



FIGURE 3.17b Resistivities at 77K of the 
FW and AC specimens (data given in Table 3.4) 
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FIGURE 3 . 1 7 ~  Resistivities at Tc of the 
FW and AC specimens (data given in Table 3.4) 



TABLE 3.4 

Resistivities of the Quenched Alloys 

Resistivities in pa-cm 
Temperatures in Kelvin 

Alloys quenched from lOOOC to room temperature 

TABLE 3 ,5 

Temperature Coefficients of the Resistivities 

Po in uQ-cm, ap/aT in U R - c m / ~  
Temp Range: 295K - Tc; except +(295K - 77K), *(77K - T,c) 

Alloys quenched from lOOOC to room temperature 



When plotted as a function of temperature, the data for each 

quench series formed a series of straight lines of the form: 

P = po + T * ap/aT 
Continuous measurements of P as a function of T were not made, making 

it impossible to determine if there were any actual deviations from 

linearity. Exceptions to this were the 20-AC, 25-AC, and 25-FC 

specimens which exhibited a negative ap/aT between 295 and 77K. In 

all specimens, regardless of quench rate, ap/aT was positive between 

77K and Tc. The data for PO and ap/aT are presented in Table 3.5, and 

are plotted in Figures 3.18a and b, respectively. The temperature 

range for these data is 295K to T,, except as noted. 

3.5.5 Vicker's Hardness Numbers of the Quenched Alloys 

The compositional dependence of the Vicker's hardness number, 

VHN, as a function of quench rate is shown in Figure 3.19. Also 

plotted are the hardness values of the swaged alloy rods before the 

de-hydrogen anneal (these rods had been subjected to a true strain of 

approximately 2). The data are presented in Table 3.6. It is 

interesting to note that the VHN of the 40 - 100-FW specimens 

demonstrate a compositional dependence resembling that of conventional 

solid solution behavior. 

The effect of the different microstructures produced by the 

different quench rates is quite apparent in these data. The FW 

specimens are quite soft when compared with the AC and as-swaged 



ATOMIC PERCENT Nb 

FIGURE 3.18a Po f o r  t h e  FW, AC and FC spec imens  
Open symbols:  295K - Tc 
Ha l f - c lo sed  symbols:  295K - 77K 
Closed symbols :  77K - Tc 
( d a t a  g i v e n  i n  Table  3.5) 



A T O M I C  PERCENT Nb 

FIGURE 3.18b a p / a T  f o r  t h e  FW, AC and FC specimens 
Open symbols: 295K - Tc 
Ha l f - c losed  symbols: 295K - 77K 
Closed symbols: 7 7 K  - Tc 
( d a t a  g i v e n  i n  Tab le  3.5) 
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FIGURE 3.19 Vicker's hardness numbers of the FW, AC 
and swaged specimens (data given in Table '3.6) 



TABLE 3.6 

Vicker's Hardness Numbers of the Quenched Alloys 

% Nb - Swaged* FW - AC - 

lOOg load -- Typical Errors: 3% 
Alloys quenched from lOOOC to room temperature 

* True strain of "2 



specimens. This effect has not been reported in the literature. As 

noted in the previous sections, the quench rate did not affect the 

properties of the 50, 60 and 70% Nb alloys. 

3.5.6 Discussion of the Results 

A summary of the microstuctures of the quenched alloys is given 

in Table 3.7. Presented in this table are the second phases found in 

the specimens as a function of alloy composition and quench rate (the 

matrix phase in all cases is B ) .  The results presented in sections 

3.5.1 - 3.5.3 show that the sensitivity of the microstructure of an 

alloy to quench rate increases with decreasing niobium content. 

The conditions under which martensite could be produced in the 

alloys of the present study were in general agreement with those 

established in the literature. An FW quench produced a" in specimens 

of the 20 and 25% Nb alloys, though it appears that Ms is close to 

room temperature for a 25% Nb alloy. Submerging the 30-FW LM specimen 

in liquid nitrogen did not produce any surface rumpling. This 

indicates that Ms for a 30% Nb alloy is below 77K. Submerging the 20 

and 25-AC LM specimens in liquid nitrogen also failed to produce 

artifacts of a martensitic transformation. In these specimens, the 

martensitic transformation had been inhibited by the presence of w 

precipitates. 

Comparison of these results with those of the literature show 

that two, points are in need of further discussion. Figure 3.4 showed 



TABLE 3.7 

Second Ptiases i n  t he  Quenched Alloys 

Quench 20 2 5 30 35 

FW a I' a" f w v i r t u a l  w v i r t u a l  w 
AC w w w v i r t u a l  w 
F C w w w w 

Quench 4 0 5 0 60 70 

AC v i r t u a l  w v i r t u a l  w - - 
Alloy compositions i n  a t %  Nb 

Alloys quenched from l O O O C  t o  room temperature  



the type of transformation to be expected for a given quench rate, 

according to Jepson, et al. (JEP70). This figure is reproduced in 

Figure 3.20, with the FW and AC quench.rates of the present study 

plotted for the 20 and 25% Nb alloys. According to this figure, both 

quenches should have produced a martensitic structure in the 20% Nb 

alloy. The FW quench in the 25% Nb alloy should have produced single 

phase 8 ,  the AC quench, martensite. These disagreements may be due to 

the fact that the phase transformations which occur in very thin and 

bulk specimens do not always correlate with each other. 

The second point to be discussed is the a" lattice parameter data 

of Morniroli and Gantois (MOR73). Data were given by these authors 

for alloys with compositions of 25, 26.6 and 28.2% Nb. The results of 

the present study are in agreement with the Ms data of section 3.2.2 

which show that Ms for these three alloys is at, or below, room 

temperature. Morniroli and Gantois did not indicate that any of their 

diffraction experiments were performed below room temperature, leaving 

their lattice parameter data for these three alloys in doubt. 

Identification of the precipitates shown in the bright field 

micrographs of Figures 3.15b and c was not possible using SAD, Due to 

their asymmetrical shape, it is unlikely that these precipitates are 

13'. They may have been a nuclei, but the possibility that they are 

the result of contamination introduced during TEM specimen preparation 

also cannot be ruled out. 

Precipitation of the w phase could be produced in most of the 

alloys of the present study under the appropriate quench conditions. 
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FIGURE 3.20 C r i t i c a l  quench r a t e s  f o r  Ti-Nb a l l o y s  ( f rom JEP70) 
showing t h e  FW and AC quenches of t h e  p r e s e n t  s t u d y  



Exceptions were the 50, 60 and 70% Nb alloys. The results of sections 

3.5.1 - 3.5.3 show that the lower the niobium content of an alloy 

and/or the slower the quench rate, the more "real" and better defined 

are the w precipitates. 

The compositional dependence of w phase precipitation in the 

Ti-Nb system may be understood in the following manner. (This 

interpretation is similar to that of Collings (COL74) for the Ti-V 

system, and in accord with the theory of deFontaine, et al. (DEF71) 

for the temperature dependence of the internal structure of w phase 

precipitates.) Decreasing the niobium content o i  an alloy causes the 

BCC lattice to become increasingly unstable. Initially, the lattice 

responds to this instability with a partial collapse of the (111)B 

planes to form "virtual" w phase precipitates. With further 

reductions in niobium content the collapse of the (111)B planes 

becomes more complete, eventually producing "real" w precipitates. 

The effect of this refinement of the w crystal structure with 

decreasing niobium content is shown in the sequence of SAD patterns in 

Figure 3.14. (Similar sequences have been published for the Ti-Nb 

(BAL72) and Ti-V (MCC71) systems.) 

The effect of quench rate on the formation of w phase 

precipitates demonstrates two points. First, it confirms that the 

B + o transformation is thermally activated as postulated by 

deFontaine, et al. (DEF71). Second, it shows that diffusion during a 

quench not only promotes a more complete collapse of the (111)B 



planes, but also enables growth of the w precipitates. This latter 

point is demonstrated in Figures 3.16. 

A subtle result of this study is that decreasing the niobium 

content of an alloy makes it increasingly more difficult to produce a 

strictly single-phase alloy, regardless of quench rate. The 

instability of the BCC lattice results in either the formation of 

martensite, in the 20 and 25% Nb alloys, or the precipitation of the w 

phase. The effect of this instability is reflected in the resistivity 

and microhardness data. 

The effect of microstructure on P and VHN is quite apparent in 

Figures 3.17, 3.18 and 3.19, particularly for the 20 and 25% Nb 

alloys. The B + a" microstructure is much softer than the B + 

microstructure . At room temperature the B + a" and B + w 

microstructures effect similar resistivities; however, upon cooling 

to Tc, the resistivities of the $ + a" alloys drop significantly, 

while those of the B + w alloys increase slightly. This effect of 

microstructure on the physical properties of Ti-Nb alloys has not been 

reported in the literature. 

The compositional and quench rate dependence of VHN and PO 

correlate well with the refinement of the w phase crystal structure. 

The abrupt upturn in the VHN vs composition curves coincides with the 

beginning of "virtual" w phase precipitation. As the precipitates 

become more "real", due to a decrease in either the niobium content of 

a specimen or the quench rate of the specimen, both VHN and Po 

increase. 



The temperature coefficient of P for the 30 - 70% Nb alloys also 
can be correlated with the refinement of the w phase crystal 

structure. Figure 3.18b shows that the gradual change from "virtual" 

to "real" precipitation with decreasing niobium content results in a 

monotonic decrease in a~/aT. A decrease in the quench rate for a 

given alloy produces the same effect, though to a much smaller extent. 

The temperature dependence of P for the 20 and 25% Nb specimens 

in the AC and FC series may be interpreted in the following manner. 

(This interpretation is similar to those of Collings (COL74) and 

D'yakonova, et al. (DYA83).) The results of the present study 

demonstrate that an increase in the refinement of the w crystal 

structure results in an increase in Po and a decrease in ap/aT. 

deFontaine, et al. (DEF71) and D'yakonova, et al. (DYA83) showed that 

this refinement could be produced by cooling a specimen to cryogenic 

temperatures. Therefore, decreasing the temperature of a specimen may 

result in an increase in po and a decrease in ap/aT. If the effects 

of w structure refinement are great enough, a net negative value of 

ap/aT may result (as was seen in the 20-AC, 25-AC and 25-FC 

specimens). The reversal of the sign of ap/aT upon cooling below 77K 

may be interpreted as indicating that the w crystal structure does not 

undergo further refinement, i.e. the (111)8 planes have collapsed 

sufficiently to produce a fixed 5 + w microstructure. 

The interpretation of this study is that ap/aT may be negative 

only in those alloys in which the structure of the w precipitates 

changes appreciably with decreasing temperature. The difference in 



ap/aT for the 20-AC and 20-FC specimens indicates that the 

microstructure of the 20-AC specimen changes on cooling, while that of 

the 20-FC specimen does not. (It will be recalled that diffusion 

during the FC quench resulted in a more complete collapse of the 

(111)B planes.) That ap/aT is positive for most of the w containing 

specimens indicates that their microstructures do not change with 

decreasing temperature. 

Between 77K and Tc ap/aT is positive for all specimens. The data 

of this study indicate that, in this temperature range, the minimum 

value of ap/aT is ".OllvQ-cm/K, regardless of alloy composition or 

specimen quench rate. This result is in agreement with the 

interpretation of this study. 

In comparing the results of this study with those in the 

literature, there are both agreements and disagreements. The 

resistivity data of the literature are in general agreement with the 

data for the AC and FC series alloys of this study. There are 

disagreements regarding the interpretation of results with the studies 

of Hochstuhl and Obst (HOC82), and Chandrasekaran, et al. (CHA74). 

The assumption by Hochstuhl and Obst that w precipitates did not 

form in their 22% Nb alloy until 80K is incompatible with the findings 

of the present study on two accounts. The results of the present 

study show that it is extremely difficult to produce a single-phase 

specimen of this composition. The present study also shows that the 

formation of w phase precipitates leads to an increase in the 



resistivity of an alloy, not a decrease. Their findings, however, can 

be interpreted using the mechanism proposed in the present study. 

The determination by Chandrasekaran, et al. (CHA74) that a 

negative ap/aT is due solely to the BCC lattice instability, per se, 

and not to w phase precipitation is also at odds with the results of 

the present study. In light of the present study, their results may 

interpreted as follows. A negative ap/aT indicates that the 

stabilization process of the matrix, by way of "real" or "virtual" w 

phase precipitation, continues with decreasing temperature. That this 

was not seen in TEM demonstrates the difficulty of producing a bulk 

phase transformation in a very thin specimen. The positive ap/aT 

found after the isothermal precipitation of w in the same alloy can be 

explained by supposing that the precipitation which occurred during 

heat treatment stabilized the matrix and that the microstructure did 

not change further during cooling. 

3.6 Results of the Present Investigation - Quenched and Aged Alloys 

Determination of the stability limits of the isothermal w phase 

was the subject of this part of the present investigation. The 

specimens studied were air cooled to room temperature following 

recrystallization at 1000C. Fifteen minutes after removal from the 

lOOOC furnace, the specimens were placed in another furnace and aged 

for 96 hours at temperatures between 300 and 500C. Only specimerls of 

the 20 to 35% Nb alloys were heat treated and examined. 



The quenched and aged specimens fell into two groups -- those 
that formed w precipitates during isothermal aging (20 and 25% Nb), 

and those that didn't (30 and 35% Nb). The presentation of the 

results in this section is divided accordingly. 

Two variations of this thermal processing were studied also. The 

effect of the rate of the intermediate quench was studied using the 

20% Nb alloy. The effect of the presence of the intermediate quench 

was studied by directly aging specimens of the 20 to 35% Nb alloys at 

400 and 500C for 96 hours. 

3.6.1 Microstructures of the 20 and 25% Nb Specimens 

Isothermal precipitation of the w phase was observed in quenched 

specimens of the 20 and 25% Nb alloys that had been aged at 300, 350 

and 400C for 96 hours. Representative dark field micrographs from the 

20-AC-96/300 and 20-AC-96/400 specimens are shown in Figures 3.21a and 

b, respectively. These micrographs show that aging at higher 

temperatures results in larger precipitates. They also show that the 

matrix/precipitate interface is sharper at higher temperatures. This 

can be noticed especially at the narrow ends of the precipitates where 

they appear to fade into the matrix. 

Several general features of w phase precipitation were observed 

in these specimens. The orientation relationships given in section 

3.3.2 were confirmed. The w precipitate morphology was always one of 

an ellipsoid of revolution with the major axis parallel to <0001>w 



FIGUKE 3.21 Comparison of w precipitate size as a function of aging 
temperature (Dark field images) 
a) 20-AC-96/300, b) 20-AC-961400 



( < l l l > ) .  I n  a d d i t i o n ,  s e v e r a l  mani fes ta t ions  of t h e  s u b v a r i a n t s  

desc r ibed  by Chang, e t  a l .  (CHA76) were observed. An a t t empt  was made 

t o  determine t h e  composit ion of t h e  w p r e c i p i t a t e s  u s i n g  scanning 

t ransmiss ion  e l e c t r o n  microscopy (STEM) and EDS, but t h e  presence of 

t h e  surrounding mat r ix  precluded a  r e l i a b l e  determinat ion.  Br ight  

f i e l d  images of t h e s e  specimens showed t h a t  t h e  w p r e c i p i t a t e s  caused 

e x t e n s i v e  s t r a i n s  i n  t h e  BCC mat r ix .  These s t r a i n s ,  and t h e  f a c t  t h a t  

no i n t e r f a c i a l  d i s l o c a t i o n s  were ev iden t ,  ind ica ted  t h a t  t h e  w 

p r e c i p i t a t e s  were coherent  wi th  t h e  matr ix .  There was no evidence of 

a p r e c i p i t a t e  f r e e  zone a t  t h e  g r a i n  boundaries. 

The dimensions of t h e  w p r e c i p i t a t e s  a s  a  f u n c t i o n  of aging 

temperature  a r e  given i n  Table 3 .8 .  ( I n  t h i s  t a b l e ,  2a i s  t h e  l e n g t h  

of t h e  major a x i s ,  2b, t h e  minor a x i s . )  It was found t h a t  t h e  

p r e c i p i t a t e  s i z e  d i s t r i b u t i o n s  were q u i t e  broad f o r  a l l  of t h e  

specimens examined. The l e n g t h s  of t h e  major and minor axes  v a r i e d  by 

a s  much a s  a  f a c t o r  of 2. The r a t i o s  of t h e  two dimensions, however, 

were r e l a t i v e l y  cons tan t .  When t h e  logar i thm of 2a was p l o t t e d  

a g a i n s t  1/T, a  s t r a i g h t  l i n e  w a s  o b t a i n e d ,  An a c t i v a t i o n  energy could 

not  be determined because t h e  t ime dependence of t h e  p r e c i p i t a t e  

growth was unknown. 

Two a d d i t i o n a l  20-AC specimens were heat  t r e a t e d  f o r  24 and 288 

hours a t  400C i n  o r d e r  t o  s t u d y  t h e  growth k i n e t i c s  of t h e  w 

p r e c i p i t a t e s .  The dimensions of t h e  p r e c i p i t a t e s  i n  t h e s e  a l l o y s  a r e  

given i n  Table 3.9. During t h e  f i r s t  24 hours of ag ing ,  t h e  

p r e c i p i t a t e s  grew r a p i d l y .  P r e c i p i t a t e  growth during t h e  nex t  72 



TABLE 3.8 
- 

w Precipitate Dimensions as a Function of Aging Temperature 

% Nb Temp 2a (nm) 2b (nm) a/b 

Temperatures in Celsius 
Alloys AC quenched from lOOOC to room temperature, 

then aged 96 hours 

TABLE 3.9 

w Precipitate Dimensions as a Function of Aging Time 
20% Nb 

Time 2a (nm) 2b (nm) 

Times in hours 
Alloys AC quenched from lOOOC to room temperature, 

then aged at 400C 



hours  was ve ry  s l u g g i s h .  Between 96 and 288 hours t h e  p r e c i p i t a t e  

dimensions i n c r e a s e d  approximately a s  t 112. 

P r e c i p i t a t i o n  of t h e  a phase was found i n  t h e  20 and 25-AC 

specimens aged a t  4 0 0 ~  a f t e r  288 hours.  I n  t h e  20-AC-2881400 

specimen, a phase r e f l e c t i o n s  were d e t e c t e d  i n  SAD p a t t e r n s ,  whi le  i n  

t h e  25-AC-2881400 specimen, a p r e c i p i t a t e s  could be i d e n t i f i e d  a t  t h e  

g r a i n  boundar ies .  Figure  3.22 i s  a  micrograph from t h e  25-AC-2881400 

specimen. This micrograph shows t h e  coex i s t ence  of both  a and w 

p r e c i p i t a t e s  i n  t h i s  specimen. The a p r e c i p i t a t e s  extended i n t o  t h e  

m a t r i x  on ly  i n  p a r t i c u l a r  c r y s t a l l o g r a p h i c  d i r e c t i o n s ,  behavior  

s i m i l a r  t o  t h a t  found a t  h i g h e r  temperatures .  

I so the rmal  ag ing  a t  450 and 500C r e s u l t e d  i n  p r e c i p i t a t i o n  of t h e  

a phase i n  specimens of both  a l l o y s .  Figure  3.23 shows an SAD p a t t e r n  

and b r i g h t  f i e l d  image from t h e  25-AC-96/450 specimen. The long axes  

of t h e  a p r e c i p i t a t e s  i n  t h e s e  a l l o y s  were found t o  be p a r a l l e l  t o  t h e  

<113> and ( 1 1 1 ) ~  d i r e c t i o n s .  Due t o  t h e  complicated SAD p a t t e r n s  ( s e e  

Appendix A ) ,  t h e  presence of w phase p r e c i p i t a t e s  could no t  be r u l e d  

o u t .  

3.6.2 M i c r o s t r u c t u r e s  of t h e  30 and 35% Nb Specimens 

The sequence of p r e c i p i t a t i o n  i n  specimens of t h e  30 and 35% Nb 

a l l o y s  was q u i t e  d i f f e r e n t  from t h a t  i n  t h e  20 and 25% Nb specimens. 

The p r e c i p i t a t e s  t h a t  w i l l  be shown do not  resemble any shown i n  t h e  

l i t e r a t u r e .  



FIGURE 3.22 B r i g h t  f i e l d  image of t h e  25-AC-2881700 spec imen showing 
a p r e c i p i t a t e s  a t  t h e  g r a i n  b o u n d a r y ,  
w p r e c i p i t a t e s  i n  t h e  m a t r i x  



FIGURE 3.23 TEM m i c r o g r a p h s  showing  a phase  p r e c i p i t a t i o n  
i n  t h e  25-AC-961450 s p e c i m e n  
a )  [ I 1 0 1  SAD p a t t e r n ,  b )  B r i g h t  f i e l d  image 



Heat t r e a t i n g  f o r  96 hour s  a t  300C r e s u l t e d  i n  f a i n t  w phase  

r e f l e c t i o n s  i n  t h e  SAD p a t t e r n s  of specimens of bo th  a l l o y s .  The w 

p r e c i p i t a t e s  i n  t h e  30-AC-961300 specimen were "5nm i n  l e n g t h .  The 

p r e c i p i t a t e s  i n  t h e  35-AC-961300 specimen were of t h e  " v i r t u a l "  t y p e .  

A d d i t i o n a l  f i n e  p r e c i p i t a t i o n  a l s o  was e v i d e n t  i n  b r i g h t  f i e l d .  

Aging a t  350C produced p r e c i p i t a t e s  which cou ld  be imaged,  b u t  

which d i d  n o t  produce  any e x t r a  r e f l e c t i o n s  i n  SAD. F i g u r e s  3.24a - d  

show low and h i g h  m a g n i f i c a t i o n  micrographs  f rom b o t h  spec imens .  

There appear  t o  be two t y p e s  of p r e c i p i t a t e  i n  t h e  30-AC-96/350 

specimen ( F i g u r e s  3.24a and b ) .  F a i n t  w r e f l e c t i o n s  i n  t h e  SAD 

p a t t e r n s  could  be used  t o  form da rk  f i e l d  images of t h e  e l o n g a t e d  

p r e c i p i t a t e s  which a r e  30 - 70nm i n  l e n g t h .  The l o n g  a x e s  of t h e s e  

p r e c i p i t a t e s  a r e  p a r a l l e l  t o  <111>@. The l a r g e r ,  n o n d e s c r i p t  

p r e c i p i t a t e s  a r e  su r rounded  by s t r a i n  f i e l d s .  The appea rance  of t h e s e  

p r e c i p i t a t e s  d i d  n o t  change a p p r e c i a b l y  w i t h  t i l t i n g .  

Micrographs of t h e  35-AC-961350 specimen a r e  shown i n  F i g u r e s  

3 . 2 4 ~  and d .  The appea rance  of t h e  p r e c i p i t a t e s  i n  t h e s e  mic rographs  

i s  u n l i k e  t h a t  of t h o s e  i n  F i g u r e s  3.24a and b .  These p r e c i p i t a t e s  

appear  t o  have  n u c l e a t e d  p a r a l l e l  t o  t h e  (001) and <110>6 d i r e c t i o n s .  

This  d i r e c t i o n a l i t y  of n u c l e a t i o n  d id  n o t  appear  t o  be r e l a t e d  t o  

d i s l o c a t i o n s  which c o u l d  be imaged by t i l t i n g  s l i g h t l y .  The s t r u c t u r e  

i n  t h e  images of t h e  p r e c i p i t a t e s  was i n t e r p r e t e d  t o  be a  s i n g l e  

d i s l o c a t i o n  e n c i r c l i n g  each  p r e c i p i t a t e ,  This  i m p l i e s  t h a t  t h e s e  

p r e c i p i t a t e s  a r e  semi-coherent  w i t h  t h e  m a t r i x .  



F I G U R E  3 .24  TEM m i c r o g r a p h s  showing p r e c i p i t a t e s  i n  quenched and aged  
spec imens  of  t h e  30 and 35% Nb a l l o y s  
a and b )  30-AC-961350,  c and d )  35-AC-961350 



Aging specimens of these alloys for 96 hours at 400C produced 

precipitates similar to those shown in Figures 3.24a - d. The 

precipitates in both alloys had grown larger at the higher aging 

temperature. In the 30-AC-961400 specimen there were still centers of 

localized strain. From these emanated dislocation loops and what 

appeared to be needle-shaped precipitates. These needles lay in the 

<111>8 directions. As before, there were no additional reflections in 

the SAD patterns, though there were extremely faint and streaked w 

reflections. The precipitates in the 35-AC-96/400 specimen were still 

quite small, about 16nm in diameter, and appeared to be encircled by 

one or two dislocations. There was no indication of any 

directionality of precipitation as in the 35-AC-961350 alloy. 

Specimens of these alloys were aged for 288 hours at 400C also. 

The characteristic needles of a precipitation were seen in the 

30-AC-2881400 specimen. The SAD pattern of this specimen contained 

extremely faint a reflections as well as faint and streaked w spots. 

A micrograph of the 35-AC-2881400 alloy is shown in Figure 3.25. The 

precipitates in this specimen grew with longer aging. An elongation 

of some of the precipitates in the <Ill> directions is evident while 

others appear to be encircled by more than one dislocation. SAD 

patterns showed only very weak w reflections in addition to the matrix 

spots. 

Aging a 30-AC specimen for 96 hours at 450C allowed growth of the 

a precipitates which resulted in an intensification of the a 



FIGURE 3.25 B r i g h t  f i e l d  image of t h e  35-AC-2881400 spec imen 



reflections in the SAD patterns. Aging at 500C produced still larger 

precipitates and very definite a reflections in SAD. 

Aging 35-AC specimens at 450 and 500C produced precipitates which 

still did not yield extra reflections in SAD. Examples of these 

precipitates, from the 35-AC-961450 and 35-AC-961500 specimens, are 

shown in Figures 3.26a and b, respectively. Increasing the aging 

temperature caused a coarsening of the precipitates and a decrease in 

their number density. The normals to the traces of the dislocations 

surrounding the precipitates in Figure 3.26b are parallel to the 

<111>8 directions. The dislocation spacing is "7nm in the <111>!3 

directions. 

3.6.3 Effect of Intermediate Quench Rate 

It was shown in section 3.5 that, of the alloys of this 

investigation, the microstructure of the 20% Nb alloy was the most 

sensitive to quench rate. To determine if the rate of the 

intermediate quench affects the aged microstructure of this alloy, a 

20% Nb specimen was fast water quenched to room temperature following 

recrystallization. This should have produced martensite in this 

specimen, though this was not verified. The specimen then was aged 

for 100 hours at 400C. 

It was found that the 20-FW-100/400 specimen contained w phase 

precipitates of approximately the same dimensions as those in the 



FIGURE 3.26 B r i g h t  field images of 35% Nb spec imens  
a )  35-AC-961450, b )  35-AC-961500 
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20-AC-961400 specimen. There was no evidence of phase precipitation 

in the 20-FW-1001400 alloy. 

3.6.4 Microstructures of the Directly Aged Alloys 

Specimens of the 20 to 35% Nb alloys also were aged far 96 hours 

at 400 and 500C without an intervening room temperature quench. These 

alloys were taken from the l O O O C  furnace and placed directly into 

another furnace. This series of heat treatments was executed to 

determine if the presence of an intermediate room temperature quench 

affected the microstructures of the aged alloys. 

In Figures 3.27a and b are micrographs of the 20-AC-961400 and 

20-961400 specimens. The effect of the presence of a quench prior to 

aging is striking. The intermediate quench enabled the w phase to 

grow to the exclusion of the a phase, while direct aging produced a 

precipitates to the exclusion of o.  This effect has not been reported 

' in the literature. The same effect was observed in the 25% Nb 

specimens. 

The presence of an intermediate quench had no effect on the 

microstructures of the 30 and 352 Nb alloys aged at either 400 or 

500C. An exception was that the precipitates in the 35-961400 

specimen appeared to nucleate in specific directions. The 

intermediate quench also did not significantly affect the 

microstructures of the 20 and 25% Sb alloys aged at 500C. 



F I G U R E  3 .27 TEM m i c r o g r a p h s  showing t h e  e f f e c t  o f  a quench 
p r i o r  t o  i s o t h e r m a l  a g i n g  
a )  20-AC-961400 ( B  + w ) ,  b )  20-961400 ( B  + a )  



As part of the investigation of the stable equilibria, specimens 

of all alloys were directly aged at 500C for 288 and 960 hours. a 

precipitates were found in the 35-2881500 specimen, These 

precipitates produced reflections in the SAD patterns which could be 

used to form dark field images. Precipitates similar to those in the 

35-AC-961500 specimen were observed in the 40-96/500 and 40-2881500 

specimens. The spacing of the dislocations surrounding the 

precipitates was 8 - 9nm in the former specimen, "7nm in the latter. 
Aging the 50 and 60% Nb specimens for 960 hours at 500C produced 

precipitates similar to those in the 35-AC-961400 specimen. 

3.6.5 Vicker's Hardness Numbers 

The hardness data for the quenched and aged specimens are given 

in Table 3.10. They are plotted as a function of composition and 

aging temperature in Figures 3.28 and 3.29, respectively. 

The hardness data for the specimens directly aged for 96 hours at 

400C and 500C are given in Table 3.11. These data, as well as the 

corresponding data of the quenched and aged specimens, are plotted as 

a function of composition in Figure 3.30. 

3.6.6 Discussion of the Results 

A summary of the microstructures of the specimens which were air 

cooled to room temperature and then aged for 96 hours is given in 



TABLE 3.10 

Vicker's Hardness Numbers of the Quenched and Aged Alloys 

Temp - 2 0 - 25 - 3 0 - 35 - 

Temperatures in Celsius 
Compositions in at% Nb 

lOOg load -- Typical Errors: 2% 
Alloys AC quenched from lOOOC to room temperature, 

then aged 96 hours 

TABLE 3.11 

Vicker's Hardness Numbers of the Directly Aged Alloys 

Temp - 2 0 - 25 - 3 0 - 35 - 

Temperatures in Celsius 
Compositions in at% Nb 

lOOg load -- Typical Errors: 2% 
Aging Time: 96 hours 



ATOMIC PERCENT Nb 

FIGURE 3 . 2 8  Vicker's ha rdness .numbers  of the  quenched and aged 
specimens ( d a t a  g iven  i n  Table 3.10) 



TEMPERATURE ( C )  

FIGURE 3.29 Vicker's ha rdness  numbers of t h e  quenched and aged 
specimens ( d a t a  g i v e n  i n  Table 3.10) 



ATOMIC PERCENT Nb 

FIGURE 3.30 Vicker's ha rdness  numbers showing the  e f f e c t  
of a  quench p r i o r  t o  i so the rmal  aging 
( d a t a  g iven  i n  Tables  3.10 and 3.11) 



Table 3.12. Presented in this table are the second phases found in 

the specimens as a function of alloy composition and aging 

temperature. 

Significant isothermal precipitation of the w phase was found in 

the 20 and 25-AC specimens aged at 300, 350 and 400C. This is in 

agreement with the data of the literature. w phase precipitates were 

not observed in any specimens aged above the metastable w + B 

transformation temperature of pure titanium. w phase precipitation in 

the quenched and aged 20% Nb alloys was found to be insensitive to the 

rate of the intermediate quench. 

Very little o phase precipitation appeared to occur in quenched 

and aged specimens of the 30% Nb alloy. Precipitates similar in size 

to those in the 25-AC specimen were produced in the 30-AC-961300 

specimen. Aging a 30-AC specimen 96 hours at 350C yielded 

precipitates, the long axes of which were twice as long as those in 

the 20 and 25-AC specimens aged 96 hours at 350C. In addition, the 

density of precipitation in the 30-AC-961300 opecimen was 

significantly less than that in the corresponding 20 and 25% Nb 

specimens. The 30% Nb alloy contained the highest oxygen content, 

3821appm, of any of the alloys used in this investigation (see Table 

2.3). It was presented in the review of the literature that 

interstitial oxygen suppresses the formation of the w phase and 

promotes the growth of a. Thus, the possibility exists that 

isothermal w phase precipitation in this alloy was suppressed; 

however, an enhancement of a phase precipitation was not observed. 



TABLE 3.12 

Second Phases in the Quenched and Aged Alloys 

Temp - 2 0 - 25 3 0 - 35 - 

Temperatures in Celsius 
Compositions in at% Nb 

Alloys AC quenched from lOOOC to room temperature, 
then aged 96 hours 



For these reasons, it is uncertain that isothermal w phase 

precipitates may form in a 30% Nb alloy. 

The growth kinetics of w phase precipitation were studied in 

specimens of the 20% Nb alloy. The kinetics were difficult to 

determine because of the broad distribution of precipitate sizes. The 

temperature dependence was found to be in agreement with that 

determined by Morniroli and Gantois (MOR73). The time dependence, 

however, was unlike that determined by either Morniroli and Gantois 

(MOR73) or Lgon (LY081). 

In order to determine the w growth kinetics, it was necessary to 

measure the dimensions of the w precipitates. These measurements were 

difficult and subject to errors for the following reasons. As shown 

in Figure 3.21a, the precipitate/matrix interface was not well defined 

at low temperatures. In addition, long exposures, e.g. 45 to 90 

seconds, were necessary to record images on film. Building vibrations 

made it necessary to work late at night and to limit magnifications to 

200,000~ in order to obtain usable micrographs under these exposure 

conditions. 

The presence of an intermediate quench noticably affected the 

aged microstructures only in specimens of the 20 and 25% Nb alloys 

aged at 400C. In these alloys, a room temperature quench before aging 

resulted in precipitation of the w phase to the exclusion of the a 

phase. Eliminating this quench enabled a precipitates to grow to the 

exclusion of w precipitates, This marked effect on microstructure has 

not been reported in the literature. 



Varying t h e  r a t e  of t h e  i n t e r m e d i a t e  quench d i d  n o t  a f f e c t  t h e  

m i c r o s t r u c t u r e s  of quenched and aged 20% Nb specimens. Th i s  i n d i c a t e d  

t h a t  t h e  d i f f e r e n c e  i n  t h e  quenched and aged and d i r e c t l y  aged 

m i c r o s t r u c t u r e s  was due t o  changes which occurred d u r i n g  t h e  r e h e a t i n g  

of the  specimen fo l lowing  the  i n t e r m e d i a t e  quench, 

The reason  why a  quench p r i o r  t o  aging a f f e c t s  t h e  aged 

m i c r o s t r u c t u r e s  of the  20 and 25% Nb a l l o y s  i s  u n c e r t a i n .  It may be 

argued t h a t  t h e  r e h e a t i n g  of a  specimen r e s u l t s  i n  a  lower t h a n  

e q u i l i b r i u m  vacancy c o n c e n t r a t i o n  a t  t h e  aging t e m p e r a t u r e ,  w h i l e  

d i r e c t l y  aging t h e  specimen r e s u l t s  i n  a  vacancy s u p e r s a t u r a t i o n  a t  

t h e  aging temperature .  I f  t h i s  were t h e  c a s e ,  however, t h e  e f f e c t s  

would be very  s h o r t - l i v e d  and would not  be expected t o  produce t h e  

observed r e s u l t s .  This phenomenom, t h e r e f o r e ,  a w a i t s  f u r t h e r  

i n v e s t i g a t i o n .  

P r e c i p i t a t i o n  of t h e  a phase was found i n  s e v e r a l  of t h e  quenched 

and aged specimens.  a p r e c i p i t a t e s  were found i n  t h e  20, 25 and 30-AC 

specimens a f t e r  aging 288 hours  a t  400C. ( I t  w i l l  be r e c a l l e d  t h a t  a 

phase p r e c i p i t a t i o n  was p r e s e n t  i n  t h e  d i r e c t l y  aged specimens of t h e  

20 and 25% Nb a l l o y s  a f t e r  on ly  96 hours a t  400C.) Aging t h e s e  

specimens a t  450 and 500C produced a p r e c i p i t a t e s  a f t e r  9 6  hours .  

Recognizable p r e c i p i t a t i o n  of t h e  a phase occurred i n  specimens of t h e  

35% Nb a l l o y  on ly  a f t e r  aging 288 hours a t  500C. I n  most of t h e s e  

specimens,  the  appearance of a p r e c i p i t a t e s  i n  b r i g h t  f i e l d  images was 

not  immediately accompanied by t h e  appearance of a r e f l e c t i o n s  i n  SAD. 



When a reflections were observed in SAD, the Burger's orientation 

relationships were confirmed. 

The long axes of the a precipitates were determined to be 

parallel to the <113>B directions. When the electron beam passing 

through a specimen was parallel to the [110]8 direction, the long axes 

of the a precipitates were observed to be parallel to the (113) and 

<111>B directions. The long axes of the precipitates were parallel to 

the <llO>B directions when the specimens were in a [111]!3 orientation. 

Using the 11101 and [Ill] cubic stereograms shown in Appendix C, it 

was found that the long axes of the precipitates were, in fact, 

parallel to the <113>B directions. For a precipitates obeying the 

Burger's orientation relationships, the <113>8 directions are parallel 

to the normals of the (i100)a planes. Williams (WIL73) stated that 

the long axes of the a precipitates were parallel to the <110>$ 

directions. This is compatible with the results of the present study 

if Williams observed a precipitates only in a [111]B orientation. 

The microstructures produced by aging the 30 and 35-AC specimens 

were unlike any in the published literature. The precipitates did not 

give rise to any extra reflections in SAD, though in all of the 

samples very faint and streaked w reflections were observed. No other 

information could be determined about the nondescript precipitates in 

the aged 30-AC specimens. 

It is believed that the precipitates in the aged 35-AC specimens 

are not B' precipitates for the following reason. The spacing of the 

dislocations encircling the precipitates shown in Figures 3.26b is 



approximately 7nm in the <111>B directions. The maximum difference in 

B phase lattice parameter in the Ti-Nb system is about 1.7pm (see 

section 4.5.2). For this difference in lattice parameters, the 193rd 

{lll) plane in the matrix would just match the 192nd (111) plane in a 

8' precipitate. This implies a dislocation spacing of about 37nm, not 

7nm. For the more realistic case of .3pm difference in the lattice 

parameters, the dislocation spacing would be about 1200nm. 

By the same reasoning, it can be argued that these precipitates 

are a nuclei. The fact that prolonged aging at 500C results in 

recognizable a precipitates supports this argument. #The (i2i0)rr 

planes are parallel to the {111)8 planes. The d-spacing of the (Ill} 

planes is almost twice that of the (i2i0) planes. Thus, every other 

(i2i0) plane matches every (111) plane, with the exception that 

instead of the 56th (111) plane matching the 112th (i270) plane, the 

57th matches. This results in a dislocation spacing in the <Ill> 

directions of about llnm, fairly close to the observed 7nm. 

Schematics of the matching df the 8' and a precipitates with the 

matrix are shown in Figure 3.31. If the precipitates in the aged 

35-AC specimens are actually a, it is unknown why they remain 

relatively small and semi-coherent instead of developing the expected 

needle-shaped morphology. It is also unknown why they did not produce 

extra reflections in SAD. 

The effects of microstructure on the hardness values of the 

quenched and aged specimens are demonstrated in Figures 3.28 and 3.29. 

Specimens which contain w phase precipitates are significantly harder 





than those which contain a  precipitates. The larger the precipitates, 

though, the lesser the hardening effect. In those alloys in which 

increasing the aging time or temperature leads to precipitation of the 

a  phase, the hardness values decrease accordingly. a precipitation 

in the 30-AC-96/450 specimen leads to an increase in hardness. This 

shows that a B + a  microstructure is harder than a 8 microstructure, 

but not as hard as a B + w microstructure. The precipitates in the 

35% Nb alloy had a slight effect on the hardness of that alloy, but 

again, as the precipitates coarsen, the hardness of that alloy 

decreases. 

The hardness values of the quenched and aged and directly aged 

specimens are compared in Figure 3.30. The effect of a quench prior 

to aging is marked, and previously unmentioned in the literature. As 

seen before, a B + w microstructure is much harder than a $ + a  

microstructure. The differences in the hardness values of the 

specimens aged at 500C may be attributed to the sizes of the a  

precipitates. 

3.7 Summary 

The microstructural results of this part of the present study are 

summarized in the metastable phase diagram shown in Figure 3.32. As 

will be demonstrated in Chapter 4, this entire metastable phase 

diagram lies within the a + B  two-phase region of the equilibrium 

phase diagram. This point is reinforced by the fact that prolonged 
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ATOMIC PERCENT 'Nb 

FIGURE 3.32 Metastable phase diagram, Shaded area indicates where 
athermal w precipitates have been detected. B + w 
boundary is based on aging quenched alloys for 96 hours, 



aging of most of the specimens of this study resulted in precipitation 

of the a phase. 

A martensitic transformation was found to occur only in specimens 

of the 20 and 25% Nb alloys, and then only for those which received 

the fastest quench to room temperature. Evidence of a martensitic 

transformation below room temperature in other specimens could not be 

produced. 

A definite upper composition limit for the formation of athermal 

w phase precipitates was not found in the specimens of this study. It 

was shown that the w precipitates in the quenched alloys gradually 

changed from "real" to "virtual" with increasing niobium content. For 

this' reason, most Ti-Nb alloys at room temperature are not, in the 

strictest sense, single-phase. It was also proposed that the athermal 

w phase precipitation process may continue in some alloys when cooled 

below room temperature. 

The stability limits of the formation of isothermal w 

precipitates, on the other hand, are relatively definite, but depend 

on aging time and prior thermal history. The limits shown in. Figure 

3.31 are for quenched alloys aged for 96 hours. It was shown that 

increasing the aging time or eliminating the room temperature quench 

prior to aging causes the isothermal w field to shrink. Decreasing 

the aging time may broaden this field. 
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CHAPTER FOUR 

STABLE EQUILIBRIA 

4.1 Introduction 

In the nine (Ti, Zr, Hf) - (V, Nb, Ta) binary alloy systems, 

three types of equilibrium phase diagrams have been observed, The 

phase diagram type correlates well with the difference in atomic 

volume of the constituent elements. In the Zr-V and Hf-V systems this 

difference is > 60% and the phase diagrams are characterized by the - 
intrusion of an intermetallic compound with a composition of 66.7% V. 

The atomic volume difference is between 20 and 30% in the five systems 

in which there is a stable B phase miscibility gap. These alloy 

systems are monotectoid in nature. In the Ti-Nb and Ti-Ta systems, 

the atomic volume difference is only about 2%. On the basis of the 

existing data, it appears that these two systems are 8-isomorphous. 

There are two stable phases in the titanium-niobium alloy system. 

They are a ,  which is hexagonal close-packed (HCP), and 6 ,  which is 

body-centered cubic (BCC). Pure titanium is polymorphic, as was shown 

in Figure 3.5, Above 882.5C, a-Ti is unstable with respect to B-Ti at 

atmospheric pressure. Pure niobium is BCC. 

The complete low temperature equilibrium phase diagram has not 

been determined experimentally, though several general features have 
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been elucidated. Above 882.5C there is complete solubility in the B 

phase. Below this, the solubility of niobium in a-Ti is very limited, 

the maximum solubility being 1 - 2% Nb. Between these two 

single-phase regions is a broad two-phase region in keeping with the 

B-isomorphous classification. 

There have been several calculations of the Ti-Nb phase diagram. 

Some have been based on thermodynamic data, others on the experimental 

phase diagram data. All calculations agree as to the type of phase 

diagram, but differ by several hundred degrees as to the positions of 

the boundaries. 

This part of the present study was begun in an attempt to better 

understand the equilibrium phase diagram. Because of the small 

diffusion coefficients in this system, it was not expected that 

equilibrium would be achieved in the alloys of this study. It was 

anticipated, however, that these results could be used to provide 

information concerning the kinetics of the B phase decomposition and 

to confirm the predictions of the phase diagram calculations. 

There are two primary factors which affect the positions of the 

phase boundaries in the Ti-Nb alloy system -- these are alloy 

composition and interstitial content. Alloy composition has a 

two-fold effect. Increasing the niobium content of an alloy heat 

treated in the two-phase region decreases the amount of a phase that 

will be precipitated. In addition, the diffusion coefficient 

decreases exponentially with increasing niobium content (see section 



4.2.4). Thus, increasing the niobium content of an alloy not only 

significantly retards the establishment of equilibrium in the alloy, 

it also makes it more difficult to observe. 

Not studied in the present investigation, but of importance, were 

the effects of interstitial contamination. As in the Literature of 

Chapter 3, few studies have reported the interstitial contents of 

their alloys, giving instead the impurities in the starting materials. 

Interstitial analyses for the alloys of the present study were given 

in section 2.2. 

In order to hasten the kinetics of the phase transformations, the 

alloys used in past studies had been cold-worked. In contrast, the 

alloys of the present study were examined in a recrystallized state. 

This was done to facilitate the interpretation of TEM results and the 

correlation of the results of this chapter with those of Chapter 3. 

The four specimens heat treated at 500C for 3696 hours (154 days), 

however, had not been recrystallized. 

The outline of this chapter is as follows. First, a review of 

the pertinent literature is given. This is followed by a presentation 

and discussion of the results of the present investigation. 

4.2 The a and B Phases 

As noted earlier, there are two stable phases in the Ti-Nb system 

-- a and 13. The a phase is the low temperature, low pressure phase of 



pure titanium (see Figure 3.5). Ln Ti-Nb alloys, there is very 

limited solubility of niobium in a-Ti, the maximum solubility being 1 

- 2% Nb (HAN51, IMG61, RON70). 
Above 882.5C, all alloys are in the single-phase B region of the 

phase diagram. Quenching from this phase field preserves the 3 phase 

structure in alloys with compositions greater than "25% Nb. Thus, any 

precipitation that occurs in this alloy system does so in a BCC 

matrix. 

4.2.1 The a Phase Crystal Structure and Orientation Relationships 

The lattice parameters of pure a-Ti are given in Table 4.1. 

These do not vary appreciably upon alloying with niobium (JEP70, 

MOR73). 

The effects of interstitials on the a-Ti lattice parameters are 

given in Table 4.2. It can be seen that the c parameter is more 

sensitive to impurities than the a parameter. 

In Ti-Nb alloys, the a phase precipitates from the B phase matrix 

during isothermal aging. The resultant precipitates follow the 

BCC/HCP Burger's orientation relationships which are: 

(0001) a 1 1  (011) B 

<1120> a 1 1 (117) B 



TABLE 4.1 

Lattice Parameters of a-Ti 

a (nm) c (nm) c /a  Ref 

TABLE 4.2 

Effect of Interstitials on the a-Ti Lattice Parameters 
(from FR076) 

Element Aa A c 

All values in nm/at% 



4.2.2 a Precipitate Morphology 

In titanium-based alloys in which the a phase precipitates 

directly from the BCC matrix, two morphologies of a precipitates have 

been observed (WIL73). (a precipitate morphology has not been studied 

in the Ti-Nb system.) The first is a Widmanstatten type which forms 

as plates or needles, the long axes of which are parallel to (110) 8 .  

Precipitates which form in this manner obey the Burger's orientation 

relationships. 

The second type of precipitate morphology is that of aggregates 

of very small a precipitates (WIL73). These precipitates form either 

rafts of nondescript size and shape, or long, lenticular regions. An 

increase in the amount of precipitation occurs by growth of the 

aggregate regions, the individual precipitates remaining constant in 

size. This type of precipitation does not appear to obey the Burger's 

relationships. This precipitate morphology was found in alloys with a 

high concentration of the B stabilizing element. 

4.2.3 The B Phase Lattice Parameters 

Pure niobium, and all Ti-Nb alloys above 882.5C possess the B 

phase, BCC structure. The lattice parameter for pure niobium is given 

in Table 4.3, The effects of interstitial impurities on this value 

are given in Table 4.4. 



TABLE 4.3 

Lattice Parameter of 8-Nb 

a (nm) Ref 

TABLE 4.4 

Effect of Interstitials on the 8-Nb Lattice Parameter 

Element Aa 

All values in nm/at% 



The B phase lattice parameter decreases with decreasing niobium 

content, but only very slightly. The lattice parameter of B phase 

Ti-Nb alloys has been measured by Hansen, et al. (WAN51), Hickman 

(HIC69a), and Rudy, et al. (RUD69). The data are shown in Figure 4.1, 

The alloys x-rayed by Hansen, et al. (HAN51) were the same ones 

used in their determination of the phase diagram (see section 4.3). 

The alloys x-rayed, however, received additional homogenization heat 

treatments, Powders from these alloys were sealed in titanium 

capsules and annealed for one hour at 860C. They were x-rayed with Cu 

radiation in a Debye-Scherrer camera. In several films there were low 

angle lines not belonging to the BCC structure which could not be 

identified. In their graph of the lattice parameters, it was stated 

that the units of measure were angstroms, though according to Pearson 

(PEA58), they were actually kX. Therefore, the data of Hansen, et al. 

have been multiplied by 1.002063 to convert them for plotting in 

Figure 4.1. 

Rudy, et al. (RUD69) published no details regarding their x-ray 

technique, but it is known that their niobium powder was produced by 

first hydriding pure niobium, powdering the hydride, and then 

dehydriding the powder. This may explain their rather large lattice 

parameter value for pure niobium. 

Hickman (HIC69a) used the Bond technique (BON60) to determine the 

B phase lattice parameters. The x-ray specimens were strips cut from 

1.6mm sheet which were annealed between 1200 and 1300C in an 

ultra-high vacuum for several hours, and then quenched with He gas. 
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FIGURE 4.1 B phase lattice parameters (from the literature) 



The Bond technique requires that the position of just one high angle 

reflection from a single-crystal specimen be measured on both sides of 

the primary x-ray beam. (This is in contrast to the more common 

method of measuring several reflections from a powder specimen and 

extrapolating to 0 = 90° to find a.) This technique can have a 

precision of - +.001pm (BON60), although Hickman stated an error of 

+.02pm. - 
Table 4.4 shows that interstitial contamination results in an 

increase in the lattice parameter of pure niobium. Similar effects 

would be expected in $ phase Ti-Nb alloys. Because of the very high 

temperature heat treatments given the specimens of Hickman, it is 

quite possible that they became contaminated. This could account for 

the differences in the lattice parameter values of Hickman and Hansen, 

et al. for alloys with more than 30% Nb. 

The data of Hansen, et al. (HAN51) show a minimum in the lattice 

parameter at 34.6% Nb. Below 40% Nb, the data of Rudy, et al. (RUD69) 

show little variation with alloy composition. It is not known if 

these results were real, i.e. the two phase field had been entered, or 

just artifacts of specimen preparation or alloy fabrication. 

4.2.4 Diffusion in the a and B Phases 

Since a precipitates form in a $ matrix, their nucleation and . - 

growth kinetics will be dependent upon diffusion in the B phase, In 

an alloy, the diffusion coefficient of interest is the interdiffusion 



coefficient. This diffusion coefficient was measured by Roux and 

Vignes (ROU70) using Ti/Nb and Ti-NblNb diffusion couples. The data 

were analyzed according to the Matano method. Their data showed that 

the interdiffusion coefficient at any temperature decreased 

exponentially with increasing niobium content. Unfortunately, there 

were not enough data to derive an empirical expression for the 

interdiffusion coefficient as a function of composition and 

temperature. 

There have been several studies of 9 5 ~ b  tracer diffusion in pure 

kitanium (GIB63, ASK65, PON79), pure niobium (RES60, PEA62a, LUN65, 

MEH71, ABL77, EIN78) and in several ~i-kb alloys (PEA62, GIB63, 

PON79). Careful measurements and analyses have shown that diffusion 

in 8-Ti (GIB63, ASK65) and in pure niobium (MEH71, EIK78) is 

anomalous. Instead of being described by: 

D = D exp(-Q/RT) 
0 

diffusion in the BCC refractory metals is better described by: 

D = Dl exp(-Q1/RT) + D2 ~X~(-Q~/RT) 

There are several theories about and discussions of this anomalous 

diffusion behavior in the literature. While they may be of interest, 

they are not germane to this thesis, With the exceptions noted above, 

tracer diffusion in the Ti-Nb system has been analyzed in the 

literature according to the traditional Arrhenius model. 

The data for 9 5 ~ b  tracer diffusion are shown in Figures 4.2a and 

b. For the purposes of this study, these data have,been fit with the 

straight lines shown in these figures. The data of RES60, PEA62, 
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FIGURE 4.2a E x p o n e n t i a l  pre-f a c t o r  f o r  niobium t r a c e r  d i f f u s i o n  
( f rom t h e  l i t e r a t u r e )  
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FIGURE 4.2b Activation energy for niobium tracer diffusion 
(from the literature) 



PEA62a, GIB63, LUN65, ABL77, and PON79 were used in the calculations 

of these lines. The data fitted with the double exponential, and 

three other data points (0% Nb (GIB63), and 20 and 36% Nb (PON79)) 

were not included in these calculations. The diffusion coefficients 

thus determined were: 

D = Do exp(-Q/RT) 

2 Do = 5.5783~10-~ exp(8.209~) cm /sec 

Q = 31,463 -+ 65,674~ cal /mole 

where x is the atomic fraction of niobium in an alloy. 

There have been a few studies of titanium diffusion in the Ti-Nb 

system. These data are compiled in Table 4.5. The data not only show 

the same composition dependence as does the 9 5 ~ b  tracer data, they 

also are close in value to the Nb tracer data. 

When the components of the diffusion coefficients given above 

were used to calculate diffusion coefficients in alloys, the results 

usually were less than a factor of 3 different from the interdiffusion 

coefficients measured by Roux and Vignes (ROU70). (The calculated 

diffusion coefficients were always lower than those measured .) This 

good agreement must be due to the similarities in the diffusion 

coefficients of both niobium and titanium in this system. 

In Figure 4.3 are plotted values of the calculated diffusion 

coefficient as a function of temperature and composition. This figure 

illustrates the dramatic drop in diffusivity as the niobium content of 

an alloy is increased. For example, at 500C, the diffusion 

coefficients of 20 and 70% Nb alloys differ by about 8 orders of 



TABLE 4 .5 

Ti tan ium D i f f u s i o n  i n  Ti-Nb A l l o y s  

Ref 

.000454 31,300 PON79 

.0019 36 ,500  WAL 6 8  

.00127 35,610 PON79 
,00315 41,960 PON79 

,251 59 ,020  PON79 
.1 86 ,930  PEL70 
.4 88 ,500  ROU70 



FIGURE 4.3 Calculated niobium diffusion coefficients 
(based on the data in Figures 4.2a and b) 



magnitude. This implies that if it were possible to reach equilibrium 

in the 20% Nb alloy in 3 seconds at 500C, the 70% Nb alloy would be 

reaching equilibrium in about 10 years. 

The self-diffusion coefficient of titanium in the vicinity of the 

a + B transformation was studied by Libanati and Dyment (LIB63) and 

Walsoe de Reca and Libanati (WAL68). It was found that the diffusion 

coefficient fell "2.5 orders of magnitude upon the transformation of 

13-Ti to a. The self-diffusion coefficient in a-Ti was measured to be 

(LIB63) : 

D = 6.4x10-~ exp(-29300/RT) 2 cm /sec 

Since niobium is not very soluble in a-Ti, it would be expected that 

diffusion in an a precipitate would be similar to that in a-Ti. 

The composition of an alloy for which the diffusion coefficients 

for the a and B phases are equal can be computed using the above 

equations. A plot of these compositions is shown in Figure 4.4* For 

alloys to the left of this line diffusion in the B phase is faster 

than in the a phase. The opposite is true to the right of this line. 

4.3 Metallurgical Investigations of the Phase Diagram 

The data for the a/$ phase boundaries are shown in Figure 4 . 5 .  

The data of Brown, et al. (BR064, BR066) are for the B transus, but 

lie below the other data for reasons to be discussed later. The a 

transus is susceptible to scatter because of the low solubility of 



ATOMIC PERCENT Nb 
F I G U R E  4.4 Comparison of diffusion coefficients in the a and B 

phases. To the left of this line, niobium diffusion in 
the B phase is faster than titanium diffusion in the a 
phase. The opposite holds to the right of this line. 
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FIGURE 4.5 Experimentally determined phase boundaries 
(from the literature) 



niobium in a-Ti. In the following review, all alloys were arc melted 

with a non-consumable tungsten electrode. 

Hansen, et al. (HAN51) used iodide titanium sheet (15-800 appm 0 

and N) and niobium powder compacts as the raw materials for the alloys 

used in their phase diagram determination. Ingats of 5 to 30g were 

melted and inverted at least three times. It is not clear that the 

ingots were homogenized after melting. The ingots were 

cold-compressed and cold-rolled approximately 70%. At this point, the 

alloys used to determine the B transus at 700C and below were sealed 

in titanium capsules and homogenized for 20-40 hours at 1250C. The 

alloys used to determine the a cransus, and the B transus above 700C 

were not homogenized prior to the final heat treatment. The final 

heat treatments were performed in evacuated Vycor capsules. Heat 

treatment times ranged from 135 hours at 828C to 648 hours at 600C, 

The alloys were examined under a light microscope to determine their 

microstructures. 

Hansen, et al. report that above 750C the 0 transus could be 

determined with certainty. All the alloys annealed at 700, 649 and 

600C, however, showed small amounts of precipitation. This was 

attributed to residual coring, even though these alloys had been 

homogenized prior to their final heat treatments. No alloys were heat 

treated below 600C as it was thought that equilibrium was practicably 

impossible to achieve. 

In the study of Imgram, et al. (IMG61), alloys were made of 

electrolytically refined titanium granules (325 appm 0, 170 appm N, 



3770 appm H) and electron-beam melted niobium rod. The 250g ingots 

were inverted and melted twice. The ingots were hot-forged in air, at 

925-980C, into -19mm diameter rods. The scale formed at this step was 

removed by sand blasting. The rods were then vacuum annealed for 6 

hours at 980C to lower the hydrogen content. Following this anneal, 

the rods were hot-swaged, at 600 to 700C, to a diameter of 6.4mrn and 

descaled again. The as-swaged chemical analyses were 690-1590 appm 0 

and 625-1045 appm H. No times were given for the final heat 

treatments which were carried out in Vycor capsules filled with argon. 

The alloys were examined under a light microscope. 

Ronami, et al. (RON70) used a diffusion layer method coupled with 

x-ray microanalysis to determine the phase boundaries. Iodide 

titanium, pure niobium and a 37.7% Nb alloy were used in this study. 

Discs cut from the pure metal and alloy rods were welded together 

under pressure, forming an a/B diffusion couple of Ti/Nb, or Ti/37.7% 

Nb. The diffusion couples were vacuum annealed at 800C (500 hours), 

700C (600 hours) and 650C (900 hours). The diffusion layers were 

analyzed with an electron probe microanalyzer with an estimated 

accuracy of 1 wt%. The u solid solution layer was narrow, making it 

difficult to determine the maximum niobium concentration in a-Ti to 

this accuracy. 

The last study of the a/@ phase boundaries to be presented is 

that of Brown, et al. (BR064, BR066). The resistance as a function of 

temperature was used to determine the B transus. High purity titanium 

sponge and high purity niobium sheets were used as the starting 



materials. Ingots of 25g were melted three times, and then 

homogenized for 24 hours at 1000C. The ingots then were hot-forged 

into 2mm thick plates; prior to forging they were heated in an argon 

atmosphere, rather than in air, in order to minimize contamination. 

Measurements of hardness as a function of distance from the surface 

showed that the contamination from air was limited to a layer .2mm 

thick. Accordingly, a layer this thick was removed from the surface 

of the alloys following any high temperature exposure to air. The 

resistance measurements were made, under vacuum, at discrete 

temperatures. The temperature intervals were 25C or less. The time 

allowed for equilibration at each temperature was not given. 

To confirm their results, Brown, et al. (BR066), performed a 

light metallography study. The samples for this study were 0.5mm 

thick and were heat treated in vacuum. They were first heated for 15 

minutes at 800C, then slowly cooled to 25C above or below the B 

transus determined by the resistance method and held there for 30 

minutes to 5 hours. The samples aged 25C above the 13 transus showed 

some precipitation at the grain boundaries, though significantly less 

than those aged 25C below the boundary. The amount of the second 

phase remained constant as the aging temperature was raised to 150 to 

200C above the transus; above this, no precipitation was observed. 

This second phase was attributed to impurities, notably nitrogen. 

The data for the B transus of Hansen, et al. (HAN51), Imgram, et 

ale (IMG61) and Ronami, et al. (ROM70) are in fairly good agreement 



with each other. Decreasing diffusivity would appear to be the cause 

of the uncertainty below 700C in the data of Hansen, et al. 

The small diffusion coefficients in this alloy system would 

appear to be the reason that the data of Brown, et al. (BR064, B~066) 

fall so far below those of the others. The heat treatments of the 

other investigations were several hundred hours long. It may be 

assumed that Brown, et a l .  did not wait this long at each temperature. 

Their resistance data show that increasing the niobium content of a 

specimen results in a smaller increase in resistance when the phase 

boundary is crossede This indicates that the amount of a phase 

precipitated decreases with increasing niobium content. This effect 

may be attributed to the effects of diffusion. Thus, the data of 

Brown, et al. may be assumed to be non-equilibrium in nature. 

That the B transus determined by Brown, et al. is below the 

actual transus is reinforced by the fact that when their specimens 

were aged 150 to 200C above their B transus, precipitation resulted. 

Aging at even higher temperatures, however, did not produce any 

precipitation. Refering to Figure 4.5, it is found that these results 

are in agreement with the other B transus determinations. 

4.3.1 Effect of Interstitials 

Khaled, et al. (m481) have shown theoretically that carbon, 

nitrogen and oxygen in solution lower the free energy of the a phase 

relative to the B phase. The predicted effect of this on the B 
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transus is shown in Figure 4.6. This effect was demonstrated 

experimentally by Hansen, et al. (HAN51) in the Ti-Mo system. Alloys 

were prepared using titanium of two different purities, The low 

purity titanium contained 793 appm C, 238 appm N, 4165 appm 0 and 2833 

appm H (analyses were not given for the higher purity, iodide 

titanium), The B transus determined with the low purity alloys was 

about 20C higher than that determined with the high purity alloys. 

Examination of the Ti-H phase diagram (HAN58) shows that hydrogen 

in solution stabilizes the B phase over the a phase. This would 

result in a lowering of the B transus. The Nb-H phase diagram (SHU69) 

shows that sufficient hydrogen in solution can lead to a BCC 

miscibility gap. 

4.4 Phase Diagram Calculations 

There have been two calculations of note of the Ti-Nb phase 

diagram. Regular-solution calculations were made by Kaufman and 

Bernstein (KAU7O) and Murray (MUR81, MUR84). (The equations of the 

regular solution model are given in Appendix D.) The results of these 

calculations are shown in Figure 4.7 together with the experimental 

data for the phase boundaries. Figure 4.8 shows both calculations of 

the entire low temperature phase diagram. The lattice stability 

parameters used in these calculations are given in Table 4.6, the 

interaction parameters, in Table 4.7. 
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FIGURE 4.7 Comparison of the experimental phase diagram data with the 
calculations of KAU70 and MUR84 



FIGURE 4.8 Comparison of the calculated phase diagrams 



TABLE 4.6 

Lattice Stability Parameters 
(from KAU70) 

AG's in cal/mole 

TABLE 4.7 

Regular Solution Interaction Parameters 

Phase KGU70. MUR81 MUR84 



The calculations of Kaufman and Bernstein (KAU70) were part of a 

phase diagram calculation tour-de-force. In general, the regular 

solution parameters were determined from existing experimental data. 

When there were no data, the parameters were estimated. For the Ti-Nb 

system, the lattice stability parameters for titanium were determined 

from the P-T phase diagram of pure titanium. The lattice stability 

parameter for niobium was estimated on the basis of the behavior of 

neighboring elements, The interaction parameters were derived 

essentially from "first principles." It is important to note that 

none of the parameters used by Kaufman and Bernstein were determined 

from the existing Ti-Nb phase diagram data. Nonetheless, their 

calculations agree well with the data of Hansen, et al. (UN51), 

Imgram, et al. (IMG61) and Ronami, et al. (RON70). 

The calculations of Murray (MUR81, MUR84) were part of the 

ASMINBS phase diagram project. The lattice stability parameters of 

Kaufman and Bernstein were used in these calculations, though 

different sets of interaction parameters were used. Initially 

(MUR81), the interaction parameters were chosen so that the 

calculations fit the data of Brown, et al. (BR064, BR066). The 

resultant negative B phase interaction parameter was acknowledged 

(MUR81) as being physically unreasonable in this system. A later 

modification (MUR84) placed the B transus between the experimental 

data. 

All of the Ti-Nb phase diagram calculations agree as to the type 

of phase diagram, i.e. 6-isomorphous. The calculations of the f3 



transus, however, differ by severai hundred degrees. This discrepancy 

indicates that more experimental data are needed* 

4.5 Results of the Present Investigation 

Phase transformations in the vicinity of the B transus were 

studied using the alloys and aging temperatures shown schematically in 

Figure 4.9. Specimens were recrystallized at lOOOC and then directly 

aged for 96, 288 and 960 hours (4, 12 and 40 days respectively). For 

comparison, Hansen, et al. (KAN51) aged their specimens 300 hours at 

700C, 648 hours at 6OOC. Ronami, et al. (RON70) used aging times of 

600 hours at 700C, 900 hours at 650C. Also shown in this figure are 

the phase diagram calculations of Kaufman and Bernstein (KAU70) and 

Murray (MUR84). 

The precipitation of the a phase was investigated primarily with 

light metallography. In some specimens TEM was necessary to determine 

if a phase transformation had taken place. TEM was used also .to 

identify the precipitates observed with LM and to determine their 

orientation relationships with the matrix. XRD measurements were 

performed to verify the composition dependence of the B phase lattice 

parameter. 

Before presenting the results of this investigation, it should be 

noted that there is a fundamental difficulty in determining the B 

transus in this alloy system. To illustrate this, the diffusion data 

of Figures 4.3 and 4.4 have been superimposed on the phase diagram 



FIGURE 4.9 Alloys'aod aging temperatures used in the present study 



calculations of Figure 4.8 in Figure 4.10. To effect the highest 

possible diffusivity in a given alloy, it is necessary to age it at a 

temperature very near the 8 transus. If equilibrium could be 

achieved, a low a phase volume fraction would be the result. 

Increasing the niobium content of an alloy aged at a given temperature 

decreases the volume fraction of a precipitated not only because the 

alloy is closer to the B transus, but also because the precipitation 

kinetics are reduced due to the compositional dependence of the 

diffusivity. In addition, it should be noted that aging high niobium 

alloys well within the two-phase region may not result in 

precipitation because of the small diffusion coefficients. For these 

reasons, it is extremely difficult to make an experimental 

determination of the B transus. 

4.5.1 Microstructures Near the 8 Transus 

An example of the nature of the precipitation observed is shown 

in Figure 4.11. This is a light micrograph of a 30% Nb specimen aged 

for 960 hours at 500C. This micrograph shows two B phase grains, the 

intervening grain boundary, and dense a phase precipitation. The 

lOOOC recrystallization heat treatment appeared to effect complete 

recovery in the upper grain, while lattice defects were still present 

in the lower grain. 

A needle-shaped a precipitate morphology was observed in all 

specimens. The a precipitates never assumed an equiaxed morphology. 



FIGURE 4.10 Superposition of the phase diagram calculations 
and the niobium diffusion coefficients 



FIGURE 4 . 1 1  L i g h t  m i c r o g r a p h  of t h e  30-960/500 spec imen  
showing a p h a s e  p r e c i p i t a t i o n  



The aspect  r a t i o  of t h e  need les  decreased a s  t h e  d i f f u s i o n  c o e f f i c i e n t  

was decreased,  e i t h e r  by i n c r e a s i n g  t h e  niobium c o n t e n t  of an a l l o y ,  

o r  by aging i t  a t  a  lower temperature .  I n  those  specimens i n  which 

t h e  i n d i v i d u a l  p r e c i p i t a t e s  were too  smal l  t o  be r e s o l v e d  w i t h  LM, TEM 

demonstrated t h a t  they were s t i l l  needle-shaped.  

The a needles  were found t o  be a l i g n e d  wi th  s p e c i f i c  d i r e c t i o n s  

i n  t h e  B matr ix .  This i s  q u i t e  n o t i c e a b l e  a t  the  boundar ies  shown i n  

Figure  4.11. TEM showed t h a t  t h e  long axes  of t h e  n e e d l e s  were 

p a r a l l e l  t o  the  <113>6 d i r e c t i o n s ,  no t  t h e  (110) d i r e c t i o n s  a s  noted 

by Williams (WIL73) ( s e e  s e c t i o n  3.6.6). The a p r e c ' i p i t a t e s  obeyed 

t h e  Burger's o r i e n t a t i o n  r e l a t i o n s h i p s .  

Figure 4.11 shows t h a t  heterogeneous  n u c l e a t i o n  s i t e s  a r e  

p r e f e r r e d  f o r  a phase p r e c i p i t a t i o n .  I n  a d d i t i o n ,  t h e  p r e c i p i t a t e s  

which nuc lea ted  a t  t h e  g r a i n  and sub-grain boundar ies  a r e  l a r g e r  and 

t h e i r  d e n s i t y  lower than  those  which p r e c i p i t a t e d  i n  t h e  

r e c r y s t a l l i z e d  B g r a i n s .  

The e f f e c t  of aging t ime on a phase p r e c i p i t a t i o n  i s  shown i n  

F igures  4.12a and b. These a r e  micrographs of t h e  25-96/600 and 

25-960/600 specimens,  r e s p e c t i v e l y .  With cont inued a g i n g ,  t h e  s i z e  

and volume f r a c t i o n  of t h e  p r e c i p i t a t e s  i n c r e a s e s ,  bo th  i n  t h e  m a t r i x  

and a t  the  g r a i n  boundar ies .  This e f f e c t  was observed i n  t h e  o t h e r  

specimens aged a t  600C a s  w e l l .  A s l i g h t  excep t ion  was t h e  20% Nb 

specimens aged a t  600C i n  which t h e  i n d i v i d u a l  p r e c i p i t a t e s  had 

coarsened wi th  inc reased  ag ing ,  b u t ,  due t o  the  dense  p r e c i p i t a t i o n ,  

i t  could not  be determined t h a t  t h e  p r e c i p i t a t e  volume f r a c t i o n  had 



FIGURE 4.12 L i g h t  m i c r o g r a p h s  showing t h e  e f f e c t  of a g i n g  t i m e  
on p r e c i p i t a t i o n  i n  25% Nb specimens 
a )  25-961600, b )  25-9601600 



increased. A change in precipitate volume fraction was difficult to 

observe in specimens aged at lower temperatures for the same reason. 

The effect of aging temperature is shown in Figures 4.13a and b. 

These are micrographs of the 35-9601500 and 35-9601600 specimens, 

respectively. Increasing the aging temperature results in increased 

diffusivity, but also brings the specimen closer to the B transus. 

The net effect is a marked decrease in the precipitate volume fraction 

concomitant with an increase in the size of the individual 

precipitates. This effect was observed in the other alloys as well. 

Increasing the niobium content of an alloy has a two-fold effect 

as discussed at the beginning of this section. These effects are 

shown in Figures 4.14 a - e for specimens aged 960 hours at 600C. 
The effect of decreasing diffusivity with increasing niobium 

content was demonstrated in the alloys aged at 500C as well. 

According to the phase diagram calculation of Kaufman and Bernstein 

(KAU70), all alloys of the present investigation were well within the 

two-phase region at this temperature, thus eliminating complications 

due to approaching the B transus. Using LM, the decrease ,in the 

precipitate volume fraction with increasing niobium content was 

evident in alloys with compositions up to 40% Nb after aging 960 

hours. TEM had to be used to observe the extremely small a 

precipitate nuclei in the 50-960/500 specimen, 

It is well known that diffusion along dislocations and grain 

boundaries is more rapid than in the bulk. It has been shown also 

that heterogeneous nucleation sites are preferred for a phase 



FIGURE 4.13 Light micrographs showing the effect of aging temperature 
on precipitation in 35% Nb specimens 
a) 35 -9601500 ,  b )  35-9601600 



FIGURE 4.14 Light micrographs showing the effect of alloy composition 
on precipitation a) 2 0 - 9 6 0 / 6 0 0 ,  b) 25-9601600 



FIGURE 4.14 Light  micrographs showing t h e  e f f e c t  of a l l o y  composition 
on p r e c i , p i t a t i o n  c )  30-9601600, d )  35-9601600 



FIGURE 4 . 1 4  Light micrograph showing the effect of alloy composition 
on precipitation e) 40-9601600 



precipitation. The alloy rods of this investigation had been swaged 

to 3mm, introducing a true strain of "2. To determine if this slight 

amount of cold-work would enhance the nucleation and growth of a 

precipitates, specimens of the 50, 60 and 70% Nb alloys were aged for 

3696 hours (154 days, .42 years) at 500C without the lOOOC 

recrystallization anneal. No a phase precipitation was observed in 

these specimens, though some recovery was evident. 

Aging at 700C produced small precipitates, which were visible 

with LM, in the 20 - 40% Nb alloys. The precipitation was confined 

primarily to the grain boundaries, though there were some matrix 

precipitates. The extent of precipitation was not greatly affected by 

aging time. Examples of this are shown in Figures 4.15a and b. These 

are micrographs of the 25-2881700 and 30-2881700 specimens. The 

effect of the fast water quench following aging can be seen in the 25% 

Nb specimen. The B phase in both the 20 and 25% Nb specimens 

transformed to martensite during the quench from 700C, though the 

transformation was not uniform in the 25% Nb specimen. 

4.5.2 X-Ray Diffraction Results 

The XRD specimen preparation technique was discussed in section 

2.7. Alloys that had been aged for 288 hours were powdered and then 

annealed at the aging temperature. The time of the post-filing anneal 

was 24 hours for alloys. aged at 500 and 600C, 3 hours for those aged 

at 700C. 



FIGURE 4.15 Light  micrographs showing p r e c i p i t a t i o n  a f t e r  
ag ing  a t  700C a )  25 -2881700 ,  b )  30 -2881700  



The titanium and niobium used in the fabrication of the alloys of 

this investigation were filed, annealed and x-rayed also. The niobium 

powder was annealed for 10 minutes at 800C, the titanium powder, 24 

hours at 600C. The lattice parameter of the niobium was .33003 - + 

.00001nm. The titanium diffraction pattern did not contain sharp high 

angle lines, making a precise determination of its lattice parameters 

difficult. The parameters that were determined were: a = .2956nm, c/a 

= 1.5953. 

a phase reflections were found in the diffraction patterns of the 

20 - 40% Nb specimens aged at all three temperatures. Though the 

diffraction lines were always diffuse, their presence was unambiguous. 

The intensity of the a pattern decreased with increasing niobium 

content. No a lines were observed in the patterns of the 50 - 70% Nb 
specimens. 

An additional diffraction line wa.s seen in the 20 - 40% Nb 

specimens aged at 600C. This line had a d-spacing slightly smaller 

than that of the (101)a line and did not match the d-spacings of any 

of the reported oxides, nitrides or carbides. 

The 6 phase lattice parameters measured in the present 

investigation are given in Table 4.8. These data are plotted as a 

function of composition in Figure 4.16. 

As in the data of Hansen, et al. (HAN51), there is a minimum in 

the lattice parameter at about 30% Nb. To determine if this minimum 

was real or just due to kinetic limitations, powders of the 20 and 30% 



TABLE 4.8 

8 Phase Lattice Parameters 
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FIGURE 4.16 B phase lattice parameters measured in this study 
(data given in Table 4.8) 



TABLE 4.9 

Effect of Aging Time on the f3 Phase Lattice Parameters 



Nb alloys aged for 96 and 960 hours at 500 and 600C were x-rayed. The 

results from these specimens are given in Table 4.9. 

4.6 Discussion of the Results 

The micrographs of Figures 4.12 - 4.15 indicate that equilibrium 

is very difficult to establish in this alloy system. It was noted in 

section 4.5.1 that the 20% Nb specimens aged at 600C may have had a 

constant a phase volume fraction. If it is assumed that this alloy 

reaches equilibrium after 960 hours, the time required to reach 

equilibrium in the other alloys can be estimated using the diffusion 

data of section 4.2.4. These estimates are given in Table 4.10. 

(Note that the aging times. are in years (365 days -- no leap years).) 
These show quite clearly the impossibility of achieving equilibrium in 

the high niobium alloys. This was confirmed in the specimens aged for 

.42 years at 500C. 

The specimens aged at 600C appeared to be in the two-phase 

region. With the exception of the 30% Nb specimen, the volume 

fraction of a precipitation decreased with increasing niobium content 

in accordance with the effects discussed in section 4.5, It will be 

recalled that the 30% Nb alloy had the highest oxygen content of any 

of the alloys and that interstitial oxygen stabilizes the a phase. 

For these reasons, it is believed that the high volume fraction of a 

precipitation observed in this alloy may have been due to interstitial 

oxygen. 



TABLE 4.10 

Estimated Times to Reach Equilibrium at 600C 
Based on 20-960/600 



Aging at 700C produced very small precipitates with a very low 

volume fraction. As in the 30-9601600 specimen, the precipitate 

volume fraction in the 30-2881700 specimen was greater than in the 

other specimens. It is believed for all specimens aged at 700C, that 

interstitial impurities were the cause of the observed precipitation 

and that alloys aged at this temperature should be single-phase. 

With this interpretation, the results of the present study are in 

good agreement with those of Hansen, et al. (HANSl), Imgram, et al. 

(IMG61) and Ronami, et al. (RON70). The present study has 

demonstrated that substantial aging times are required to establish 

equilibrium in this alloy system, corroborating the assumption that 

kinetic limitations affected the B transus determination of Brown, et 

al. (BR064, BR066). The results of the present study also show that 

the calculation of Murray (MUR84) does not represent the actual phase 

diagram. 

On the basis of the present data, a new phase diagram may be 

calculated. This is shown in Figure 4.17. The lattice stability 

parameters of Kaufman and Bernstein (KAU70) were used in these 

calculations. The a phase interaction parameter used was 3050 

cal/mole; the $ phase interaction parameter was 3500 callmole. The B 

transus of this calculation is in good agreement with the experimental 

data. This calculation also predicts a small, but stable B phase 

miscibility gap. 

The calculation of the a transus, however, is not in agreement 

with the data of that boundary. The fit of the calculation to the 
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FIGURE 4.17a Comparison of experimental phase diagram data 
with the proposed calculation 



FIGURE 4.17b The proposed phase diagram calculation 



data could be improved by increasing the u phase interaction 

parameter; however, doing so would necessitate increasing the B phase 

interaction parameter in order to maintain the fit of the B transus, 

This would result in an even larger stable B phase miscibility gap. 

This phase diagram calculation indicates that yet more data are 

required. 

The B phase lattice parameter of alloys with compositions between 

50 and 100% Nb was found to vary linearly with niobium content, A 

least squares fit of the data yielded: 

a = .32702 + .00003x nm 

where x is the atomic fraction of niobium. In this range of 

compositions, Hansen's data (HAN51) fall ".15pm below those of the 

present study. This difference may be due to different impurity 

contents of the alloys or powders. The data of Hickman (HTC69a) and 

Rudy, et al. (RUD69) are ".3pm above those of the present study in the 

same composition range, most likely for the same reason. 

Below 40% Nb there was little variation of the lattice parameter 

with alloy composition. This is indicative of aging in a two-phase 

field, which was reinforced by the presence of a reflections in the 

diffraction patterns. The lattice parameter of the specimens aged at 

700C, however, also showed little variation with alloy composition, 

even though these specimens should have been aged in a single-phase 

region. It would not be expected that the slight precipitation caused 

by the impurities in these specimens would have affected the lattice 

parameter, leaving the cause of this effect still uncertain. 



The data of Table 4.9 demonstrate two points. First, the minimum 

in the lattice parameter observed at 30% Nb appears to be a real 

effect. Within the precision of the Debye-Scherrer technique, the 

lattice parameters of the aged 20 and 30% Nb specimens were unaffected 

by increasing the aging time. A monotonic lattice parameter increase 

would have been expected in the event of niobium enrichment of the 

matrix due to a phase precipitation. The time estimates of Table 4.10 

indicate, however, that aging for 960 hours may have been insufficient 

to produce the expected changes. 

The second point illustrated by the data of Table 4.9 is the 

difference between precision and accuracy, The errors quoted in 

Tables 4.8 and 4.9 are those arising from the Nelson-Riley 

extrapolation. The lattice parameter differences observed in this 

study were very close to the lattice parameter variations measured by 

Hickman (HIC69a) in his attempt to determine the composition of the 

isothermal w phase (see section 3.3.4). While Hickman believed the 

observed variations were real because of the precision of the x-ray 

technique used, the results of this study indicate that they were 

probably due to variations in specimen preparation. In addition, the 

lattice parameters measured by Hickman for the high niobium alloys are 

much higher than those of Hansen, et al. (HAN51) and of the present 

study. Again, these data show that precision does not imply accuracy. 



4.7 Summary 

This investigation of the B transus has demonstrated several 

points to which the literature has alluded. The first is that 

equilibrium in this alloy system is practicably impossible to achieve 

due to the exponential drop of the diffusion coefficient with 

increasing niobium content. At low aging temperatures, the 

compositional dependence of diffusivity creates a kinetically limited 

B transus, instead of the desired thermodynamic transus, At high 

aging temperatures, the diffusivity effect is combined with the effect 

of aging'near the 0 transus, resulting in a broad, uncertain boundary, 

instead of a sharp one. These two effects are further compounded by 

the effects of interstitials. 

Despite these difficulties, the results of the present study 

corroborate the data of Hansen, et al. (HAN51), Imgram, et al. (ZMG61) 

and Ronami, et al. (RON70).  These results show that the data of 

Brown, et al. (BR064,  BR066) were affected by kinetic difficulties and 

that phase diagram calculations based on them are not representative 

of the true nature of the phase diagram. A new phase diagram has been 

calculated which is in good agreement with the experimental B transus. 

Measurements of the B phase lattice parameter confirm its 

dependence on alloy composition. The lattice parameter decreases 

linearly with decreasing niobium content between 100 and 50% Nb. For 

alloys with niobium compositions less than 50%, there is little 

variation with composition, regardless of heat treatment temperature. 
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CHAPTER FIVE 

FUTURE WORK and FINAL SUMMARY 

The results of the present study have shown that there are 

several aspects of the phase transformations in Ti-Nb alloys that are 

deserving of further investigation. Most of these are concerned with 

the metastable equilibria. What follows is a discussion of a few of 

the more interesting prospects. 

It has been shown repeatedly that decreasing the niobium content 

of an alloy increases the variability of its microstructure. The 

lowest niobium content of the alloys of the present study was 20%. It 

would be interesting to repeat the quenching, and quenching and aging 

experiments on alloys of 10 and 15% Kb. 

The effects of microstructure on resistivity were demonstrated in 

this study. The results of this study, however, did not really permit 

the separation of the effects on resistivity due solely to com?osition 

from those due solely to w phase precipitation. The results were 

correlated with. the change of w phase precipitation from "virtual" to 

"real", but this includes a compositional effect as well. In arder to 

separate the two effects, it is necessary to produce Ti-Iib alloys 

which are truly single-phase. 
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A measurement of the resistivity of 8-Ti at room temperature and 

below also would be of value in determining the compositional 

dependence of P. Extrapolation of the resistivity of 8-Ti from above 

882C indicates that at room temperature, B-Ti has a resistivity of 

-130uQ-cm, which is very high for a pure metallic element. This 

value, however, is in accord with the extrapolated resistivity data of 

the present study. 

The supposition that the process of w phase structure refinement 

continues below room temperature and that this alone results in a 

negative ap/aT in certain alloys is need of verification. The 

interpretation of this study suggests that from the temperature at 

which the collapse of the ( 1 1 1 ) B  planes begins, ap/aT of an alloy 

decreases with decreasing temperature. Under the proper conditions, 

it may even become negative in a certain range of temperatures. After 

the w precipitation process has produced a stabilized microstructure, 

ap/aT would become positive and remain constant with decreasing 

temperature. Measurements of P during the quench from lOOOC would 

indicate the temperatures at which these events occur. In the 20 and 

25-AC specimens, the temperature at which precipitation of the w phase 

begins is apparently above room temperature. The temperature at which 

this process ends is "80K. In the other specimens of this study, both 

temperatures appear to be above room temperature. 

The kinetics of isothermal w phase precipitation are in need of 

further study. The results of this study were unusual in their own 

right, and were not in agreement with either of the other studies. 



The effects of quenching prior to isothermal aging may be studied 

in more detail. Specimens could be quenched to some temperature above 

room temperature, held for 15 minutes, and then aged at an elevated 

temperature in order to determine if there is a temperature to which 

quenching before aging no longer produces w precipitates. 

This study has shown that equilibrium in the high niobium alloys 

is practicably impossible to achieve in recrystallized alloys. The 

minimal amount of cold-work given the alloys of this study was 

insufficient to produce any effect . Based on the work of others in 

the Superconducting Materials Research Group here, aging specimens 

containing the severe cold-work typical of superconductor wire may 

yield interesting results. 

5.1 Final Summary 

A fundamental study of the phase transformations which occur in 

the Ti-Nb binary alloy system has been completed. Eight alloys in the 

range 20 to 70% Nb were investigated using TEM, LM and XRD, 

Measurements of electrical resistivity and Vicker's microhardness also 

were performed . Emphasis was placed on the minimization of 

interstitial contamination in all steps of alloy fabrication and 

specimen preparation. In order to eliminate the effects of prior 

cold-working, the alloys studied were recrystallized at 1000C. Phase 

transformations were studied in alloys which had been quenched to room 

temperature after recrystallization, quenched to room temperature and 



then isothermally aged, and in those which had been isothermally aged 

without a prior room temperature quench. 

It was found that the microstructures of the quenched 20 and 25% 

Nb alloys were extremely sensitive to quench rate -- with a fast 
quench producing martensite, a slow quench, the w phase. The 

microstructures of the higher niobium content alloys were much less 

sensitive to quench rate. 

The microstructures of the isothermally aged 20 and 25% Nb alloys 

were found to be sensitive to prior thermal history. Alloys quenched 

to room temperature and then aged at 400C contained large w 

precipitates, while those aged without an intermediate room 

temperature quench contained a precipitates. Isothermal w phase 

precipitation was found in quenched 20 and 25% Nb specimens aged at 

300, 350 and 400C. The 35% Nb alloys aged between 300 and 500C 

contained precipitates which could not be identified using electron 

diffraction, but were determined to be nuclei of the -a phase. 

Aging at 450, 500 and 600C produced a precipitates in the 20 to 

40% Nb alloys. The B transus in this system could not be determined 

unambiguously . A phase diagram was calculated which fit the 

experimental data, but also predicted a small, but stable, B phase 

miscibility gap. 
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APPENDIX A 

SELECTED AREA DIFFRACTION PATTERN CALCULATIONS 

Phase identification is often based on SAD patterns obtained in 

an electron microscope. The SAD patterns of a, w and a" are similar, 

yet posses important differences. SAD patterns for these three 

structures are shown superimposed on a (110)B pattern, which was the 

matrix pattern most frequently observed during the course of this 

investigation. The SAD pattern for the second phase orientation which 

gives the most reflections in a (110)B pattern will be the only one 

shown for each example. The key to these SAD patterns is: 

0 - matrix reflection 
- second phase reflection 

+ - double diffraction reflection 
In the 6 + a and B + a" patterns, double diffraction from the 

matrix reflections produces several extra reflections. This is the 

only effect considered for these microstructures. In the B + w 

pattern, double diffraction from the matrix reflections does not 

produce any extra reflections, nor does double diffraction from w 

reflections of the same variant. However, extra reflections do occur 

when the pattern of one of the w variants is doubly diffracted from a 

reflection of one of the other w variants. 



FIGURE A.1 The (110)B + (OO1)al' SAD p a t t e r n  
ag = .3280nm, aa" .3135nm, b /a  = 1.552, c / a  = 1.489 
a )  (010)a" 1 / (!91)B 
b )  (O1O)att ( 9 9 1 ) ~  + (010)a" 1 1  ( 9 3 1 ) ~  
c )  Double d i f f r a c t i o n  e f f e c t s  inc luded  



FIGURE A. 2 The (110)B + ( 1 1 2 0 ) ~  SAD p a t t e r n  
ag = .3280nm, aw = .4639nm, c /a  = .6123 
a) ( 0 0 0 1 ) ~  1 )  ( 1 1 1 ) ~  
b) ( 0 0 0 1 ) ~  (111) 8 + ( 0 0 0 1 ) ~  I I ( l i i )  0 
c )  Double d i f f r a c t i o n  e f f e c t s  included 



FIGURE A.3 The ( 1 1 0 ) ~  + (0001)a SAD pattern 
ag = .3280nm, aa = .297nm, c/a = 1.5825 
a) i o  1 ( T I ~ ) B  
b) (T2To). ( i i l ) p  + (T2io)a I /  ( i T 1 ) ~  
c) Double diffraction effects included 



APPENDIX B 

ELECTRON AND X-RAY DIFFRACTION RELATIVE INTENSITY CALCULATIONS 



TABLE B.1 

Relative Intensity Calculations for the B Phase 

HKL - d (nm) 2 8  Ix I e 

Alloy Composition: 30% Nb, Temperature: 300K 
a = .3283nm 

Angles for Cu Kal 



TABLE B.2 

Relative Intensity Calculations for the a Phase 

HKL - d (nm) 28 Ix Ie 

Alloy Composition: 5% Nb, Temperature: 300K 
a = .297nm, c/a = 1.5825 

Angles for Cu Kal 



TABLE B , 3  

Relative Intensity Calculations for the w Phase 

HKL - 2 8  d (nm) I.x I e 

Alloy Composition: 20% Kb, Temperature: 300K 
a = .4643nm, c / a  = .6123 

Angles for Cu Kal 



TABLE B.4 

Relative 

HKL 

Intensity Calculations for the a" Phase 



TABLE B.4 (continued) 

Relative Intensity Calculations for the a" Phase 

HKL - d (nm) 2 0 Ix Ie 

Alloy Composition: 20% Nb, Temperature : 300K 
a = .3135nm, b/a = 1.552, c/a = 1.489, y = .2 

Angles for Cu Kcrl 



APPENDIX C 

CUBIC STEREOGRAPHIC PROJECTIONS 



THE [110] PROJECTION 

110 +pin + g i n  + a i o  + 100 + ~ J D + P I D ~ Z O  + I I O  +T(D  120+ 130 + O I O  + ioo + TZD t 230 

+ m i  
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THE [ 1 11 ] PROJECTION 
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APPENDIX D 

EQUATIONS of the REGULAR SOLUTION MODEL 

D.l Introduction 

In this model, the free energy of the a phase as a function of 

composition and temperature is given by: 

where : G: = free energy, as a function of temperature, 
of element A in the a phase 

G: = free energy, as a function of temperature, 
of element B in the a phase 

x = atomic fraction of B in the a phase 

AS: = entropy of mixing in the a phase 

G" = excess free energy of mixing in the a phase xs 

For an ideal solution: 

In the regular solution model, AS" is given by the above equation, 
m 

but G' is given by: 
XS 

where A is the regular solution interaction parameter for the a phase. 

The free energies of other phases which may occur in the A-B alloy 

system are defined similarly. 



D.2 Two Phase Equilibrium 

Equilibrium between the a  and B phases is expressed as: 

where the partial molar free energies of A and B in the a  and B phases 

are given by: 

- a (  = G ~ - x ~ ( ~ G ~ / ~ x ) ~ ~  
G~ x u  D. 7 

- @  1 . ca - ( i - ~ a ) ( a c ~ / a x ) ~ ,  
G~ x u  D. 8 

The other partial free energies are defined similarly. Combining 

equations D . l ,  D.2, D.4 and D.7 yields: 

Equating equations D.9 and D.10: 

Rearranging equation D . l l  gives: 

The corresponding equation for element B is: 

A G B B - ~  = RTln (5) t ~ ( 1 - ~ 8 ) ~  - ~ ( 1 - * a ) 2  

Simultaneous solution of equations D.12 and D.13 yields the 

equilibrium compositions of the a  and B phases, 



At some composition, Xo, the free energies of the a and B phases 

must be equal. This is expressed as: 

Using equation D.l, the following equations result: 

AG!+~ - A G ~ + ~  
l ( 1 -  Xo = 7 B - A  1 - 

AG!+~ - AGA A G! +a 

B - A  "'" B - A  

If A = B, then: 
.G,"+" 

Xo = 
- A G ~ B + ~  

D.4 The Miscibility Gap 

The limiting compositions, xl and x2 ,  of a B phase 

miscibility gap are derived in the following manner: 

1 L 

Equations D.18 and D.19 yield, respectively: 



Subtracting equation D.21 from D.20: 

RT[ln(l-xl) - lnx 1 - B(1-2xl) = RT[ln(l-x2) - lnx2] t B(l-2x2) D.22 1 

This equation has a solution if x = x2 or if both sides are equal 1 

to zero. The latter solution yields: 

ln(1-xl) - lnx 1 

Substituting x = 1 - x yields the same equation, thus the 2 1 

miscibility gap is symmetric about x = .5 

D.5 The Chemical Spinodal 

The limits of the chemical spinodal are the inflection points of 

the B phase free energy curve. They are given by: 




