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ABSTRACT

PHBASE TRANSFORMATIONS

IN THE TITANIUM-NIOBIUM BINARY ALLOY SYSTEM

David L. Moffat

Under the supervision of Professor David C. Larbalestier

A fundamental study_of the phase transformatioms which occur in
the Ti-Nb binary slloy system has been completed. Eight alloys in the
range' 20 to 70 atZ Nb were Investigated using transmission electron
microscopy, light metallography and x-ray diffraction. Measurements
of electrical resistivity and Vicker”s microhardness also were
performed. Emphasils was placed on the minimization of interstitial
contamination in all steps of alloy fabrication and specimen
preparation. Im order to éliminate the effects of prior cold-working,
the alloys studied were recrystallized at  1000C. Phase
transformations were studied in alloys which had been quenched to room
temperature after recrystallization, quenched to room temperature and
then isothermally aged, and in those which had been isothermally aged
without a prior room temperature quench. It was found that the
microstructures of the quenched 20 and 25% Nb alloys were extremely
sengitive to quench rate —— with a fast quench preducing martensite, a

slow gquench, the omega phase. The micreostructures of the higher
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niobium coutent alleoys were much less sensitive to quench rate. The
microstructures of the isothermally aged 20 and 25% Nb alleys were
found to be sensitive to prior thermal history. Alloys quenched to
room temperature and then aged at 400C contained large omega
precipitates, while those aged without an intermediate room
temperature quench contained alpha precipitates. Isothermal omega
phase precipitation was found in quenched 20 and 25% Nb specimens aged
at 300, 350 and 400C. The 35% Nb alloys aged between 300 and 300C
contained precipitaées which could not be identified using electron
diffraction, but were determined to be nuclei of the alpha ﬁhase.
Aging at 450, 500 and 600C produced alpha precipitates in the 20 to
40%Z Nb alloys. The beta transus in this system could not be
determined unambiguousily. A phase diagram was calculated which fit
the experimental data, but also predicted a small, but stable, beta

phase miscibility gap.

Approved:
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CHAPTER ONE

INTRODUCTION

Titanium-niobium binary alloys form the basis of the
superconducting Industry world-wide. These alloys possess the
ductility required to withstand true strains on the order of 10 to 15.
(Such strains are typlecal of commercially produced superconducting
wires which have optimized superconducting properties.) The aim of
the wire fabrication process 1s to produce a very specific
microstructure upon which the superconducting properties depend. This
microstructure can be obtalined through a judiclous cholce of
processing parameters such as the drawing schedule, and the number,
time and temperature of heat treatments.

Despite the technological significance of these alloys, there
have been relatively few 1nvestigations of the phase transformations
which can occur in them. There have been innumerable studies of
various physical properties of these alloys, but most were done with
little or ne knowledge of the actual microstructures of the alloys
investigated. This has resulted imn cénfusion in the understanding of
the interrelationships of properties and microstructures and has made
it difficult to discern fact from supposition.

There are three factors whiech can have a marked effect on the

microstructures and properties’ of these alloys. These are the thermal



history, the mechanical history and the interstitial contents. Most
previous investigations of the properties of these alloys were poorly
documented in these regards. Alloy composition i1g also an important
factor, but this has been reported unambiguously in all but one of the
earller studies. Attentiom in the present ptudy was focussed on the
effects of thermal history, though several interstitial amalyses were
obtained in order to document the impurity levels.

The goal of the present study was to determine the stability
limits of the phase eguilibria in tlis alloy system, and to eliminate
some of the confusion regarding the interrelationships of properties
and microstructures. Alloy fabrication and specimen preparation
technlques were carefully controlled and documented so that the
results of the present study could be interpreted properly. Extensive
microstructural investigations were performed in order to determine
the nature of the phase transformations which took place. In several
cases, correlations of the microstructures with physical properties
were made as well.

The approach of this study was to Iinvestigate the phase
equilibria over a broad range of alloy compositions. Eight alloys, in
the range 20 to 70 atZ Nb, were investigated. This approach enabled
the observation of overall trends in the phase trausformations, though
it precluded in-depth studies of the specifics of the transformations.
Many of the phase transformations observed are deserving of further

investigation which time and wmaterial did not permit. Thus, the



results of the present study may serve as a foundation for future
investigations.

This study was divided intoc two complementary investigations of
the phase equilibria in which the thermal histories of the alloys were
varled. Each specimen received a recrystallization anneal at 1000C
immediately before quenching or 1sothermal aging. This provided a
point of reference for all specimens in this study. The metastable
equilibria in this alloy system were studied in specimens which had
been quenched and in those which had been quenched and aged. The
stable equilibria were investigated in specimens which had been
directly aged.

In any fundamental study of phase transformations it is important
that the alloys used are of the highest possible quality, i.e. have
very low interstitial contents. At the industrial level, howevar,
economic concerns force a trade—pff between purity and cost. While
the present study was intended to be a basie #nvestigation of phase
transformations, it was also desired that its findings be pertinent to
industrially used alloys. For this ;eason, commercilially pure titanium
was used in this study as one of the starting materials. Use of a
more pure grade of titanium might have altered some of the results of
this study, but also might have limited their applicability. In
defense of this, it should be noted that the FermiLab specification
for superconductor wire, to which most of the world’s Ti-Nb

superconductor 1s manufactured, is falrly restrictive., The FermilLab



specifications are given in Table 1.1 (recently the oxygen limits were
lowered to 800 wppm).

The outline of this thesis is as follows. In Chapter 2 are
discussed the techniques used in this study. Chapter 3 is concerned
with the metastable phase equilibria, Chapter 4, the stable
equilibria. Chapter 5 contains a discussion of work which may be
pursued in the future, as well as a final summary. Several poilnts of
reference are given in the Appendices. There is no all—-encompassing
literature review im this thesis. Instead, it has been divided
according to the contents of each chapter. This was dome to keep the
material fresh in the reader”s mind, and to facilitate the publication

of this work.
1.1 Nomenclature

All compoéitions glven in this thesis are in atomic percentages.
The alloys of this study are designated only by the atomic percentage
of niobium in a given Flloy. In the presentation of the literature,
other alloy systems are discussed. Agaln, the compositions of these
alloys are given in atomic percentages, even though the original work
may have used weight percentages. Commerclally, Ti-Nb alloys are
designated by weight percentage of titanium. To facilitate
comparisons between the alloys of this study and those of the
superconductor industry, the alternate designation for the alloys of

this study are given in Table 1.2,



TABLE 1.1

FERMILAB Specifications for Interstitial Contents of 37.2% Nb
(46.5wtX Ti)

wppm appm

C 200 1070

N 150 688

0 1000 4017

H 20 1275
TABLE 1.2

Atomic to Welght Percent Conversions
For the Alloys of the Present Study

at% Nb wt? Ti

20 67.3
25 60.7
30 54.6
35 48.9
40 43.6
30 34.0
60 25.6

70 18.1



Interstitial analyses are given in atomic parts per million, as
well as the customasry weight parts per million. Atomic parts per
million were used because it is believed that they give a more
accurate description of the impuiities in the alloys. This makes
alloys appear less pure than if wppm were used, which was exactly the
intent.

The specimens of the present study are identified by four
parameters., The first 1s the composition of the alloy, in atomic
percent niobium. Second comes a two letter mnemonic for the type of
quench the specimen received. Lastly comes the time, in hours, and
the temperature, in degrees Celsius, of any heat treatment. Examples
of this identification system are: 20-FW (20% Nb alloy which was fast
water quenched from 1000C to room temperature); 30-AC-96/400 (30%Z Nb
alloy, alr cooled to room temperature, them heat treated for 96 hours
at 400C); 50~288/500 (50% Nb alloy recrystallized at 1000C then aged
at 500C for 288 hours with no intermediate room temperature quench).
For future reference, the heat treatment times used in this study were

26 hours (4 days), 288 hours (12 days), and 960 hours (40 days).



CHAPTER TWO

SPECIMEN PREPARATION AND EXPERIMENTAL TECHNIQUES



CHAPTER TWO

SPECIMEN PREPARATION and EXPERIMENTAL TECHNIQUES

2.1 Introduction

A major concern of this study was to ensure that the phase
transformations that were observed were not affected by interstitial
contamination. If present at sufficient levels, interstitials could
modify the phase transformations that otherwlse would occur in pure
alloys. The presence of  interstitials also could cause
transformations that would not ocecur in pure alloys, e.g. the
precipitation of oxides or hydrides.

All of the alloys used in this study were prepared at the UW.
Great care was taken to ensure that the alloys were homogeneohs and
that contamination wes held at a wminimem. BSeveral analyses of the
alloye were obtained in order to verify their guality. All chemical
analyses were performed by Teledyne Wah Chang-Analytical Services,
Albany, OR.

Interstitial contamination can occur during the preparation of
the specimens used for wmicrostructural characterization. The
techniques developed during the preliminary investigation of this

system were shown to produpe high quality specimens and were used

throughout this study.
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2.2 Alloy Fabricatiocn

The raw materlals used to prepare the alloys were 3mm rods of
nioblium and l.6mm rods of commercially pure titanium. To remove any
surface oxidation, the rods were etched in a solution of 13% HF, 20%
HNO3 and 67% H20. After a wmoderate etch, the rods were dropped
quickly into a methanol/dry ice bath to stop etching. The rods then
were rinsed with fresh methanol twice, dried, and stored in a
deslcecator dntil needed. Interstitlal analyses of the etched rods are
given in Table 2,1, (Table 2.la gives the analyses in éppm.)

Alloy ingots were melted in an are melter with a tungsten
electrode and a water-cooled copper base. After loading the niobium
and titanium rods, the:' arc melter was evacuated (S_ 20mTorr) and
back-filled with pre—purified (as supplied by the manufacturer) argom
five times. Before the rods were flrst melted, the arc was moved over
the entire surface of the copper base to remove any adsorbed water
vapor. A titanium button was melted after this to getter the argon
atmosphere. This procedure was repeated before each melt of the alloy
ingot.

The ingot was melted and inverted at least 10 times in a square
depression (the ingot could be inverted without opening the arc
melter). The repeated melting and inverting of the ingot allowed the
operator to verlfy that complete melting of the nlobium rods had

occurred, assuring a macroscoplcally homogenecus ingot. The ingot



TABLE 2.1

Impurity Analyses of the Etched Niobium and Titanium

L . -
Niobium <232 212 348 <460
Titanium 143 1881 1138
Errors 10% 54 10%

1

All values in appm

TABLE 2.la

Impurity Analyses of the Etched Nicbium and Titanium

L X 0o H
Niocbium <30 32 60 <5
Titanium 42 630 24
Errors 104 5% 10%

All values in wppm
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then was shaped into a eylinder roughly lcm in diameter by 1lOcm long.
This ingot could be supported by the copper base in such a way that
cooling was not very efficlent. In this way the ingot could be heated
fairly uniformly to just below the sgolidus, effecting a very high
temperature homogenization heat treatment. The ingot was rolled over
and this process repeated several times, producing a homogeneous
ingot. (SEM analyses of several test ingots verified that this
process produced homogeneous ingots.)

During melting some material always was lost. For this reason,
each ingot was weighed after melting to monitor the chamge in overall
composition. The greatest deviation from the assumed c¢ompoesition
would occur 1f the material lost was either all niobium or all
titanium., This worst-case error was computed for each ingot. The
results are shown in Table 2.2. (As there were two ingots of each
alloy, the results given in Table 2.2 are averages.) It can be seen
that the greatest possible error was .54% Nb; most errors were
significantly smaller.

After removal from the arc melter, the ingots were homogenized
again to remove any residual microscopic .inhomogeneities. Each ingot
was wrapped in niobilum foll and placed in a silica tube with several
pleces of titanium rod. The tubes were evacuated (< 10mTorr) and
back-filled with pre—purified argon five times hefore sealing at a
pressure of 150 Torr. The Ilngots were homogenized at 1300C. The 50,
60 and 70% Nb alloys were homogenized for 24 hours; all others were

homogenized for 8 hours. Longer times were used for the nigh niobium



TABLE 2.2

Melt Analyses of the Alloy Compositions

Nominal  Actual Worst-Case Errors
20 20.00 +,005 -.005
25 25,01 +.015 -.025
30 30.03 +.075 -.085
35 35.00 +,18 ~.165
40 39,99 +.215 -.165
50 49.98 +.325 -.165
60 60.00 +.305 -.1
70 70.06 +.54 -, 12

Al]l percenteges in atomlec percent Nb
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alloys because diffusion is more difficult in these alloys. Following
homogenization, the ingots were quenched by breaking the tubes under
water. {This was doune to prevent the precipitation of the « phase
which could have made swaging of some of the ingots impossible.)

The homogenized ingots were swaged to 3mm rods without
difficulty. The area reduction of each swaging pass was about 20%.
After swaging, the rods were cleaned several times with acetone to
remove the swaging lubricant, sanded, and then etched in the same
solution as before.

Post—factum, i1t was discovered that the homogenization quench
introduced significant quantities of hydrogen into the alloys. To
remove this hydrogen, the 3mm rods were vacuum annealed at 800C. The
annealing time was 3 hours, during which time the vacuum was "7x10_6
Torr. The wvacuum for the 20 and 25% Nb alloys, however, was only
'1x10_5 Torr, The furnace was turned off and allowed to cool before
opening after the anneal. A section of each alloy was analyzed for
impurities after this anneal. The results are shown 1n Table 2.3,
(Table 2.3a gives the results in wppm.)

To wverify that there had been no tungsten contamination during
arc melting, a section of each alloy was analyzed for tungsten. These
results are shown in Table 2.4.

The alloys described in Tables 2.2 to 2.4 were those used in all
subsequent investigations of the phase transformations. The actual
compositions of the alloys were in excellent agreement with the

nominal cowmpositions. The errors shown in Table 2.2 are as



AtZ Nb

20
25
30
35
40
50
60
70

AtZ Nb

20
25
30
35
40
30
60
70

Impurity Analyses After the Vacuum Anneal

£

755
785
B65
739
656
526
746
791

Impurity

160
160
170
140
120

90
120
120

TABLE 2.3

January 1983

N
445
193
257
181
211
186
203
249

—9
2903
3019
3821
2774
1930
1580
1634
2425

A1l values in appm

TABLE 2,32

Analyses After the Vacuum Anneal

January 1983

N
110
46
58
40
45
37
38
44

-9
820
820

1000
700
470
360
350
490

All values in wppm

'

H

1068
993
546
692
456
418

<371

<393

19
17

11

<5
<5

Total

5171
4990
5489
4386
3253
2710
2954
3858

Iqtal

1109
1043
1238
891
642
493
513
659

15




TABLE 2.4

Tungsten Contents of the Alloys

At% Nb appm W
20 <3
25 4
30 <3
35 26
40 4
50 4
60 167

70 8
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pessimistic as possible —— the actual deviations from the nominal
composiéions were much less. Table 2.4 shows that tungsten
contamination from the are melter was neglligible. The anomalously
high value for the 60%Z alloy most likely was due to the difficulty
encountered in the melting of that particular alloy.

It is difficult to determine the level at which interstitial
impurities influence the phase transforn;ationa in the. Ti-Nb system.
Most phase transformation studies reported in the literature give an
insufficient accounting of interstitials. While the present study has
made no attempt to determine the effects of interstitial
contamination, it can provide a benchmark for later studies. To this
end, the analyses of the four important interstitials have been given
in Table 2.3. The total ilmpurity content can be seen to range from
.27%2 to ,55%. This may appear to be unacceptably high for a
fundamental study such as this, but it should be reinforced that these
are atomie percentages, not the customarily reported weight
percentages., (The same range in weight percentages is .05% to .12%.)

Due to the time interval between the date of the analyses shown
in Table 2.3 and the last heat treatments, the alloys were analyzed
again. The results are shown in Table 2.5. (Table 2.5a gives the
analyses in wppm.) These alloys had been annealed at 1000C and then
furnace cooled to room temperature as part of the quench rate studies.
The variations can be attributed to the differences in the two
original ingots of each alloy and to the errors inherent in such

analyses.




AtZ Nb

20
25
30
35
40
50
60
70

At% NDb

20
25
30
35
40
50
60
70

755
834
1120
687
602
70l
684
725

TABLE 2.5
Impurity Analyses After a Furnace Cool
March 1985
N 0 H
486 2835 844
261 3645 993
223 3860 607
186 2380 567
239 2423 652
240 3158 418
192 2708 <371
413 2870 <393

160
170
220
130
110
120
110
110

TABLE 2.5a
Impurity Analyses After a Furnace Cool
March 1985
N 0 H
120 800 15
62 990 17
51 1010 10
41 600 9
51 590 10
48 720 6
36 580 <5
73 580 <5

All values in appm

A1l values in wppm

Total

4920
5733
5810
3820
3916
4517
3955
4401

Total

1095
1239
1291
780
76l
894
731
768

18
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2.3 Heat Treatment Technilque

The phase transformations that were studied in this alleoy system
occurred between 1000C and room temperature. These transformations
could take place either during isothermal aging or during quenching.
They also could be affected by interstitial contamination. Thus it
was necessary that the heat treatment technique not only prevent any
further contamination of the specimens, but also minimize the
complications due to competing transformation reactioéls.

The materials used for all heat treatments were the 3mm rods
described in section 2.2. For heat treatment, a 25 or 50mm length was
cut with a low speed diamond saw from a 3mm rod. This short rod was
ultrasonically cleaned, twice in acetome, twice in methanol, to remove
any cutting fluid. The rod was not etched before heat treating.

The cleaned rod was placed in a silica tube with two titanium
getters., The tube was evacuated (_<_ 10mTorr) and back~filled with
pre-purified argon five times and then sealed at a pressure of <
10mTorr, From the manufacturer”s analysis of the argon, it was
calculated that the impurity partial pressures of this atmosphere at
room temperature were! PN2 - 1.5x10-7 Torr, Poz = 6..’:3::10(‘.B Torr, PH2 =
97{10'-8 Torr. {This translates to ”3x109 atoms for each of these
impurities,)

The sealed rods were placed in a 1000C furnace for a solution

anneal and recrystallization. This anneal was necessary for two
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reasons. First, it removed any transformationm products, e.g. w in the
high titanium alloys, that might have formed durimg cooling after the
vacuum anneal. Second, "it removed the cold-work introduced during
swaging. (Swaging produced a true strain of 2 in the 3mm rods.)
Light metallography showed that the 20 ~ 35Z Nb alloys were well
recrystallized after 8 hours at 1000C, while the high niobium alloys
(40 = 70% Nb) required 24 hours.

During this anneal the titanium getters slowly vaporized, coating
the inside of the tube, and the alloy rod, with titanium. As the
titdnium evaporated, 1t thoroughly gettered the argon atmosphere,
Using the diffusion coefficients of the alloys, it was calculated that
the titanium which coated the rod would have diffused less thamn 10yum
into the rod.

After recrystallizatiom, the specimens received ome of three
thermal treatments. Some were gquenched to room temperature £from
1000C, Others were quenched to room temperature and then isothermally
aged. The third group of specimens was placed directly inte another
furnace at the desired aging temperature. Following isothermal aging,
the tubes were quenched to room temperature by breaking them under

water.

243.1 Quenching

The three different quench rates usad 1n the present study are

shown in Figure 2.l1. The fast water (FW)} quench was produced by
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FIGURE 2.2 Schematic of the specimen used to measure the quench rates
in this study
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quickly taking a tube from the furnace and breaking 1t under water.
Removing a tube from the furnace and placing it on a table resulted in
an air cool (AC) quench. (It should be noted that ailr cooling was
equivalent to taking a tube from the furnace and quenching it in
water, but not breaking it.) The slowest quench, furnace cooling
(FC), was produced by turning off the furnace and allowlng the
specimen to cool with the furnace.

The fast water gquench did not always produce a uniform quench.
When an evacuated tube was broken under water, water was sucked into
the tube, bringing it into contact with the hot alloy rod. Initially,
this vaporized the water, which in turn blocked the passage of more
water 1f the quartz tube had not been completely shattered. This
produced a wmomentary reduction in cooling. Thig effeet could be
minimized by ensuring that the tube was broken near the middle of the
alloy rod.

The quench rates shown in Figure 2.1 were measured using the
specimen shown schematically in Figure 2.2, The specimen was a 64mm
length of alloy rod through which a #78 (.4lmm) hole had been drilled.
The junction of a Pt/Pt-13%Rh thermocouple was placed In the center of
the rod. (Initially, Chromel/Alumel thermocouple wires were used;
however, 1t was found that the thermocouple wires wetted the alloy rod
at 1000C and completely dissolved.) The leads were placed in shallow
grooves in the sides of the rod, fed through a very fine alumina
insulator, and then out one end of the tube. This end was sealed with

epoXy. After the epoxy had hardened, the tube was sealed under



24

vacuum, as described above, through the other end. Cooling cutves

were recorded on a chart recorder.

2,4 Resistivity Measurements.

Measurements of the resistivities of several alloys were made for
two reascons. They provided an indirect measure of the occurrence of
phase transformations and they provided needed data to the
superconductivity community. Resistivities were measured at room
temperature (7295K), 77K, and just above the superconducting
transition temperature, T, ("10K).

The device used for measuring resistivities was based on a four
polint measurement technique. Each of four specimens was held as shown
schematically in Figure 2.3. The specimens were 50mm lengths of heat
treated 3mm rods. The current leads held the specimen tightly against
the fixed voltage taps, which were stainless steel knife edges. The
gauge length was about 25mm. From an analysis of the factors that
could contribute to errors in the measurements, it was calculated that

the relative errors in the resistivities were .6%.

2.5 Light Metallography

Light metallography (LM) provided direct observation of the

products of a phase transformation at a coarse scale. The entire

croas—section of a 3mm rod could be studied to verify that a
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transformation had occurred uniformly throughout the rod (this was
necessary for the TEM and XRD evaluations to be of wvalue). The
specimens polished for LM also were used for microhardness
measurements .

Specimens for 1M were cut from one end of heat treated rods with
a low speed diamond saw. The specimens were approximately 3mm long.
Each was mounted 41in bakelite or dially.l phthalate such that the
freshly—cut end was exposed. The specimens were polished using the
technigue of Paul Danielson at Wah Chang. After polishing, the
specimens were etched in a solution of 2% HF, 3% HNOB, and 95% HZO'
This was a slow etch which produced good microstructural detail.
Microhardness measurements were made on polished, unetched specimens
using a 100g load.

This technique ensured that the LM specimens were representative
of the pure, bulk alloys. Calculations using the impurity diffusion
coefficlients showed that any contamination which may have occurred
during heat treatment would be limited to a narrow surface layer in
the rods. For example, during a 100 hour heat treatment at 500C,
nitrogen would have diffused 1into the rod ~10pm, oxygen, ~60um.
Because the polished face of the speclmen was not an external surface,
only the perimeter would have been susceptible to contamination. On
examination, no contamination layer was ever observed in a specimen.
In addition to being free from contamination,” the polisted face also
was representative of the bulk alloy as it had been cut from the

interior of the rod.
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2.6 Transmission Electron Microscopy

Transmission electron microgscopy (TEM) also provided direct
obeservation of the products of a phase transformation, though at a
much finer scale than LM. TEM images provided information about the
nucleation behavior and morpholeogy of precipitates, while selected
area diffraction (SAD) patterns yielded information about crystal
structures and orientation  relationships with the matrix,
Conventional SAD, however, cannot be used to determine lattice
parameters as accurately as x-ray diffraction. The TEM used in this
investigation was a JEOL 200CX-II operated at 200keV,

TEM specimens were cut from the mid-section of a heat treated
length of 3mm rod with a low speed diamond saw. (The end of the rod
was used for LM as noted above.) The disks were ultrasonically
cleaned twice in acetone to remove the cutting fluid. The speﬁimens,
which were “.7mm thick, were ground on both sides with 320 grit SicC
abrasive paper until they were “.2mm thick. The disks were
ultrasonically cleaned again in methanol.

TEM foils were oprepared in a twin jet electropolisher
commercially produced by E. A, Fischione. A solution of 2% HF, 5%
H2804’ 93% methanol was used at =40 to -50C. The polishing current
was "35mA. TImmediately upon perforation, the foil was‘removed from
the solution and thoroughly rinsed with methanol. The foils were

stored in air.
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This specimen preparation technique also ensured that the
observed phase transformations were representative of the pure, bulk
alloys. This is particularly important for TEM specimens because the
area examined is extremely small. For comgarison, the TEM specimens
of most studles are punched from a thin sheet, and then heat treated
and electropolished.

Ap inevitable consequence of electropolishing Ti-Kb alloys is the
introduction of hydrogen from the electrolyte. Even though they were
polished at =-50C in a very dilute solution of HF, the foils were
sugsceptible to contamination because of thelr extreme thinness.
Interstitial hydrogen can produce two effects in a TEM specimen —-- it
can remain in solid solution, expanding the BCC lattice, or it can
lead to the precipitation of hydrides. Nothing could be dome to avoid
examlnation of the material which may have been swollen because such
material was Iimpossible to identify. Hydride precipitation, though
infrequently observed, was easlly recognizable. Because hydrides
formed at the edge of the hole in a TEM foil, observations were made

in somewhat thicker regions of the foil.
2.7 ¥-ray Diffraction
X-ray diffraction measurements (XRD) complemented the TEM crystal

structure information. Accurate lattice parameter measurements and

additional crystal structure data were obtained with x-ray techniques.



29

Powdeg for x~ray specimens was filed from the heat treated rods
after the TEM specimens had been cut from them. Each rod was mounted
in an automatic filing device which fed the rod at a rate of "40um/min
onto a carbide rotary file rotating at ~30,000rpm. The rod was slowly
rotated at ~.05rpm as it was fed onto the file. Because most heat
treate; Ti-Nb slloys caused some wear of the file, a fresh section of
the file was used for each rod, This minimized the amount of file
material that became part of the powder.

The powder was prepared for anmnealing after f£iling. Only that
powder which passed through a 200 mesh sieve (i.e. <75um) was
annealed. A thin plece of niobium foil was rolled into a cylinder and
one end folded over. Into this was placed a titanium rod and the
sieved powder (the titanium rod acted as a getter during the anneal).
The other end then was closed and the cylinder put in a silica tube.
The tube was sealed at a vacuum of < 10mTorr im the same manner as
described before;

It was necessary to anneal the powders to remove the strains
introduced by filing. Though the powder particles had & high surface
to velume ratio, making them susceptible to contamination during the
anneal, unannealed powders preoduced unuseable diffraction. ﬁatterns.
An extensive series of experiments demonstrated that the technique
used did not introduce significant contamination (see MOF82), Each
powder was annealed at the same temperature at which the parent rod
had been heat treated in order to preserve the micrestructure produced

during the heat treatment. The annealing time depended on the
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annealing temperature. The tubes were quenched by dropping them in
water, but not breaking them.

The XRD specimens were preparéd from the annealed powders. The
powders were sleved with a 400 mesh sieve. The powder that passed
through this sieve (<38um) was discarded because it had a higher
impurity content due to its very fine natutre. The retalned powdar was
poured into a .3mom capillery for x-raying.

The diffraction patterns were record-ed on film in a 114.6mm
diameter Debye-Scherrer camera. Nickel-filtered copper radiation was
used and the exposure time was B hours for a filament current of 20mA.

Lattice parameters were determined by extrapolation on a
Nelson-Riley plot. The wvalues used for the wavelengths in the
calculations were: Ka =.15417Inm; Ke; =.154044nm; Ko, = .154426nm,
Only those diffraction lines with Bragg angles Z45° were used in the
extrapolations. This was done prit.narily because the high angle lines
were less susceptible to measurement errors, the Nelson-Riley
extrapolation eliminating the errors due to x-ray absorption.

Typically, the highest angle BCC line occurred at ~85°.
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2.8 Summary

The specimen preparation technliques described in this chapter
were developed with particular emphasis placed on the minimization of
interstitial contamination. Great care was taken to maintain the high
quality of the alloys throughout this study.

The only alloys used in this study were described in section 2.2.
Two alloys of each composition were melted and all alloys were
prepared within a short time span. This ensured uniformity in
fabrication. Several impurity analyses were performed on the alloys
to monitor their quality during and after processing.

One length cut from the 3mm stock rod provided all the specimens
scrutinized for a given thermal treatment. 1M, TEM and XRD all were
performed on specimens from the one length (see Figure 2.4). This
eliminated the chance of conflicting results due to processing errors.

Three direct observation techniques, and two indirect techniques
were used to study the phase transformations. No one technigue could
provide all the information desired. Together, the use of these
technigques ylelded a more complete understanding of the phase

relationships in this alloy system.
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FIGURE 2.4 Schematic of the specimen origins from a 25mm length of an

alloy rod
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CHAPTER THREE

METASTABLE .EQUILIBRIA

3.1 Introduction

The nature of the equilibrium phase diagram is such that above
882.5C 211 Ti-Nb alloys are single-phase B. At lower temperatures,
the kinetics of the decomposition o¢f the B phase to the stable
two-phase mixture are sluggish, allowing the formation and observation
of metastable phases.

The metastable phase transformations observed in the Ti-Nb alloy
system are simllar to those observed in alloys of titanium with other
transition elements. The Ti-Nb and Ti-Ta systems possess the smallest
differences in the atomic volumes of the constituents, being less than
2%. When coupled with the fact that the d-shell electronic structure
of niobium is different from that of wvanadium and tantalum, one finds
that the Ti-Nb system 1s unique among the titanium-based alloys.
Perhaps due to these factors, the metastable equilibria in this system
alsc are more complicated.

Three metastable phases in this system have been identified by

several independent investigations. They are «a”, a hexagonal

close-packed martensite, a", an orthorhombic martensite, and w, a

hexagonal modification of the body-centered cubic matrix. The
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composition limilts of the two martensites do not overlap, although
those of «" and w do.

A fourth metastable phase, R7, is the result of a B phase
miseclbility gap. This phase has been well documented iIn other alloy
systems, but has not been Ildentified wunambiguously in the Ti-Nb
system.

This part of the present study was begun in an attempt to
establish the limits of stability of the metastable phases. It also
was desired to correlate the metastable microstuctures with two of the
physical properties of these alloys. The microstructiral results were
found to be in general agreement with the data of the literature.
During the course of this study, however, several new results were
obtained.

Several factors affect the metastable equilibria in the Ti-Nb
alloy system. The effect of alloy composition has been established in
the literature., The effect of quench rate on alloy microstructure has
been investigated by othe;s, but only in a qualitative fashipn in a
few alloye. (The effect of quench rate on the physical properties of
these alloys has received no attention.) The effect of quenching
prior to isothermal aging has not been studied previously. The time
and temperature of isothermal heat treatments are alsc Important
factors., The effects of all of the above factors were investigated in
the present study.

Not studied in this investigation, but of importance, were the

effects of interstitial content. Very few of the studies in the
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literature reported the interstitial contents of thelir alloys.
Instead, what were reported customarily were the impurities in the
pure titanium and niobium. Without impurity analyses of the alloys
actually studied, the quality of the alloy fabrication techniques can
not be assessed and the lmpurity levels in the alloys only estimated.
Interstitial analyses for the alloys of the present study were glven
in section 2.2,

This chapter is lald out in the following manner. A review of
the pertinent literature is given first. Interspersed throughout this
review are comments related to previous authors” interpretations or to
conflicting results. Following the literature review are the results
of the present study which have been divided into two sections —— the
first pertaining to quenched alloys, the second, to quenched and aged
alloys. The microstructures resulting from the variocus thermal
treatments and their effect on resistivities and microbardnesses are
reported and then discussed in each section. The final summary of
this chapter presents an overview of these results in the form of a

semi—quantitative metastable phase diagram.

3.2 Martensitic Phases

Titanium—niobium alloys have been shown to exhibit two forms of
martensite, o” and «". These martensitic phases have been found in
other alloys of titanium with transition elements as well (for

examples see BRO66 or COL84). The a” martensite forms in alloys with
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low nioblum concentrations, a" at higher concentrations. The a”/g"
"boundary" has been reported to occur at 7% Nb (BAG59), between 5 and
10% Nb (BRO66, JEP70), and at 11% Nb (MOR73). The high temperature 8
phase is retained on quenching in alloys in which the composition is
between 20 and 25% Nb (BRO66), greater thanm 26% Nb (HIC69), or >28% Nb

(MOR73).

3.2.1 Crystal Structures and Orientation Relatiomships

The structure of the a” martensite is HCP (BRO66&, JEP70, MOR73).
The lattice parameters of a” ére the same as those of a and do not
vary a?preciably with niobium content. a° obeys the BCC/HCP Burger”s
orientation relationships which are:

(0001) a” || (011) B
<1170> o || <111> 8
The transformation of B to a” can be accomplished by (COL84):
a 10%Z contraction along [100] which corresponds to [2iI0]
a 10%Z expansion along [011] which corresponds to [0110]
a 1% expansion elong [0l)l] which corresponds to [0001]

The structure of o' is shown in Figure 3.1 (from MOR73). «a" is
C-centered orthorhombic with a space group of Cmem (BAGS59, BROG6,
HAT68, JEP70, MOR73). The atom positions in o" are: (0, 0, 0), (O,
-2y, 1/2), (1f2, 1/2, 0), (1/2, 1/2-2y, 1/2). From intensity

measurements of x-ray diffraction patterns, it has been estimated that



FIGURE 3.1

Structure of the a" martensite showing how it relates to
the HCP and BCC structures (from MOR73)
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y is between .19 (MOR73) and .2 (BRO64), but may vary with composition
(MOR73).

The orientation relationshipa of the two martensites are similar.
The orientation of " with respect to B was shown to be (HAT68,
MOR73):

[001] a" || <110> B
[100] a" 2-3° from <00T> B

, [010] o" 2-3° from <I10> B

The a" gtructure may be viewed as a transition between -the HCP
structure of o” and the BCC structure of B. By adjusting y, b and c,
one can produce all three structures (MOR73). For example, an HCP
structure is obtained when y = .1667 and b/a = /3 (the ideal c/a for
HCP is /B/3 ). A BCC structure 1s obtained whem y = .25, b/a = ¢2
and c/a = v/2.

The lattice parameters of the two martensites are shown 1n
Figures 3.2a, b and ¢, These figures demonstrate the transitional
nature of a". With the exception of the data for the 25 - 28% Nb
alloys, the o" lattice parameters in each figure fall fairly close to
a straight line., It is interesting to note that the extrapolations of
each o' lattice parameter intersect the HCP and BCC values at about
7.2 and 30.6% Nb, respectively. This would seem to indicate the
compositional limits of o" formation.

The data of section 3.2.2 show that Mg is below room temperature
for alloys with niobium compositions of more than about 25%. As

Morniroli and Gantois (MOR73) did not indicate that any of their
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diffraction measurements were performed below room temperature, their

lattice parameter data for the 25 - 2B%X Nb alloys are suapect.
3.2.2 The Mgz Temperature and Ty,

The Mg temperature as a function of composition i1s shown in
Figure 3.3. The transformation temperatures were observed as breaks
in cooling curves. To effect fast quench rates, thin specimens were
used, typically between .13 and .5mm in thickness. A thermocouple was
spot welded to the specimen in order to measure its temperature
accurately. (It is interesting to note that Chromel/Alumel
thermocouples were used in several studies (DUW53, SAT60, KAN63). 1In
section 2.3.) it was reported that Chromel/Alumel thermocouples
dissolved when in contact with Ti-Nb alloys at 1000C.) As the niobium
content of an alley was increased, the amount of B phase material
which transformed to martemsite decreased. This resulted in a
diminution of the thermal arrest signal, which eventually became too
weak to measure below ~300C (DUWS53, SAT60). A reasonable
extrapolation of the Mg data indicates that an alloy of "32% Nb would
have an Mg of OK. This limiting composition for the formation of a"
is in good agreement with the o' lattice parameter extrapolations of
Figures 3.2.

The thermal arrest technique does not enable one to determine the
nature of a transformation, only that one took place. Flower, et al.

(FLO82) noted that in order for there to be an a”/a" "transition!,
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TABLE 3,1
Regular Solution Parameters for Ty Calculations

AG%I“ = -1050 + .91T (KAU70)

acggﬁ = 1500 + .8T (KAU70)

A = 3125, B = 3125 (kau70)
A= 2438, B = 1243 (MURS4)

All values in cal/mole
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there must exist two Mg curves, one for each martensite, and that they
must ¢ross. There is too much scatter in the data, however, to verify
this,

Calculated Ty curves also are shown in Figure 3.3, (Ty 18 the
temperature at which the free energies of the a and B phases are
equal.) These are regular solution caleculations based on the
parameters shown in Table 3.1. Mg should always fall below Tgp. As
can be seen, this is not always the case, particularly for the
caleulations of Murray (MURB4).

There are two possible explanaticms for this discrepancy. It is
quite possible that the parameters used in the calculations are
incorrect. The parameters of Murray (MUR84) were derived by modelling
the experimental data for the equilibrium phase diagram (see saction
4.4). These data are subject to some uncertainty (see Chapter 4). It
1s also very likely that the Mg specimens, due to their thinness,
became contaminated during the heating and quenching processes. This

latter point will be discussed further in section 3.2.4.
3.2.3 Quench Rate Dependence

The quench rate sensitivity of Ti-Nb alloys varies with alloy
composition, with the niobium-rich alloys being more sensitive
(JEP70), The study by Jepson, et al. demonstrated two interesting
points in this regard. First, it was found that there was a sharp

drop in Mg for a given alloy when the quench rate exceeded a certain
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value. Quench rates faster than this did not cause Mg to vary. The
drop In Mg was negligible for 0 and 5% Nb alloys, about 20C for a 10%
N¥b alloy, and for a 17,5% Nb alloy had increased to about 125C. The
cooling rates at which this drop occurred are shown as the lower curve
in Figure 3.4.

The second interesting point is that it was found that the
martensitic tranasformation could be completely suppressed 1in all
alloys using very high quench rates. These critical quench rates were
found to vary with composition and are shown as the upper curve in
Figure 3.4, Those alloys which retained the B phase on quenching
could be transeformed readily to martensite with deformation. The
three regions in Figure 3.4 were labeled by Jepson, et al. Mg is
relatively independent of quench rate for quench rates and alloy
compositions between the curves {(DUW3l, JEP70).

At high nioblum comcentrations and slow quench rates, it becomes
possible for the w phase to form during gquenching. Morniroli and
Gantni; (MOR73) reported that in an 11.4% Nb alloy, water quenching
produced a", while slow cooling vielded ® precipltates. A similar

effect was observed in a 20.7% Nb alloy (HAT68).
3.2.4 Effects of Interstitials
The effects of interstitial elements in solution are two-fold.

Interstitials may result in an elevation or depression of Mg, and/or

they may alter the crystal structure of the martensite. While no
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investigation has been made of these effects in the Ti-Nb system, some
information may be deduced from the available data.

Carbon, nitrogen and oxygen in solution can lead teo an elevation
of Mg. Khaled, et al. (KHABl) have shown theoretically that these
impurities lower the free energy of the @ phase in titanium-basead
alloys., (This 4is corroborated by the Ti-C, Ti-N and Ti-0 phase
diagrams (HANS58).) This results in an increase in T, and, therefore,
Mg, Analysis of the specimen preparation techniques used 4in the
studies cited in sections 3,2.2 and 3.2.3 indicates that interstitial
contamination i{s to be expected in the thermal arrest specimens. In
addition, the specimens could have become further contaminated during
the course of the Mg experiments themselves. To illustrate, using the
impurity diffusion data for niobium (FR0O76), one finds that oxygen
coﬁld diffuse to the center of a .13mm speeimen in "2.5 minutes at
1000C (38 minutes would be required for a .5mm specimen). Shorter
times or lower sosking temperatures would result in a contamination
layer on the surface of the specimen. Duwez (DUWS1) observed
transitions between 905 and 960C in pure titanium which were
attributed to such contamination.

Examination of the Ti-H phase diagram (HANS58) shows that hydrogen
in solution stabilizes the B phase over the a phase. To effect
extremely fast quench rates, Jepson, et al. (JEP70) chemically thinned
their specimens to .05 ~ .13mm in an HF solution. This would be
expected to result in significant hydrogen contamination of the

specimens (see MOF82). It mey be speculated, therefore, that their
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observed suppressions of the martensitic transformation were the
result of h&drcgen contamination.

Interstitials may also result im an alteration of the martensitic
structure. Hammond (HAM72) has suggested that the factors (i.e.
interstitials) which give rise to a tetragonal distortion of the
martensite 1in steels may also cause an orthorhombic distortion of the
martensite in titanium alloys. While Hammond believes that carbon was
the important impurity im both cases, it has been shown (MOFB82) that
hydrogen in Ti-Nb alloys causes a significantly expansion of the 8
phase lattice, ultimately leading to a tetragonal distortion of the
BCC structure. Thus, all iaterstitials wmust be considered when
examining this possibility. In addition, it may be possible for an ¢~
+ distorted 8 structure to be wisinterpreted as an orthorhombic

structure.

3.3 The w Phase

The @ phase 1is a high pressure phase of pure titanium and
zirconium. The P-T diagram of titanium is shown in Figure 3.5
(BUNGS5). An extrapolation of the 8/w boundary shows that at
atmospheric pressure {.lMPa), metastable w-Ti would transform to g-Ti
at "470C. In practice, however, it was found that @w-Ti reverted to
a=T1 between 200 and 300C (BUN65). This fact, and other calculations
have lead Vohra (VOH78) to suggest that the a/w boundary in pure

titanlium may be susceptible to considerable hysteresis.
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Precipitates of the w phase have been observed in alloys of
titanium and zirconium with several other transition elements.
Precipitation has been found to occur during both quenching and
isothermal aging. The w phase also can be formed in Ti-Nb alloys upon
application of hydrostatic pressure (AFQ073). In Ti-Nb alloys, w

precipitates have been observed in alloys with less than “30% Nb.

3.3.1 MHMechanics of Formation of the ® Phase

There have been several studles as to how the w phase forms
(C0069, DEF70, DEF71). It was shown (DEF70) that for a particular set
of interatomic force constants, a BGC structure 1s unstable with
respeet to a transverse 1/3<112> phonon. This phonon is
crystallographically equivalent to a longltudinal 2/3<111> phonon.
The effect of these phonons can be visualized with the help of Figures
3.62 and b. The 2/3<111> phonon leaves every third (111)8 plane
unshifted, but collapses the middle two together. The atomic shifts
are in the <111> direction and are only 3 a/12 in length, i.e. less
than .05om. Chang, et al. (CHA76), on the basis of high resolutiom
TEM, demonstrated that this process leads to the existence of three w
subvariants, These are shown schematically in Figure 3.6c.

In a later paper (DEF71), it was postulated .that the 8 + w
transformation required a thermally activated nucleation process. 1f
such were not the case, a total transformation of the BCC lattice to

the w structure would occur, It was proposed that the B + u
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FIGURE 3.6 Schematics of the mechanism of w phase formation
a) 2/3<111> phonon and its effect on the (111)B planes
b) Resultant w phase precipiltate




FIGURE 3.6c¢ Schematic of the three w sub-variants
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transformation would take place in a localized region of the crystal
when the amplitude of a 2/3<111> phonon was large enough to overcome
the free energy barrier between the two states.

The size and internal structure of an w region depend on
temperature (DEF71). At high temperatures, the w structure would not
be able to form from the 8 matrix. With decreasing temperature,
phonon energy and coupling decrease, allowing a partial collapse of
the (111)8 planes and the formation of  regions with a broad B8/w
interface. The various 2/3<1l1> phonons act independently at low
temperatures, permitting the complete collapse of the (l11)8 planes
and the formation of w precipitates with sharp interfaces. This B + w
transformation mechanism is reversible with temperature, provided that
atomic diffusion does not alter the local composition, "locking-in"
the w structure. The reversible nature of this mechanism was
demonstrated by cooling a Ti -~ 8% Mo specimen in an electron
microscope and observing the changes in the electron diffraction

patterns (DEF71).

3.3.2 Crystal Structure and Orientation Relationships

The structure of the w phase is hexagonal with a space group of
P6/mmm (SIL58, SIL70, HIC69). The atomic positiomns in this structure
are: (0, 0, 0), (2/3, 1/3, 1/2), and (1/3, 2/3, 1/2).

As noted in the previous section, the w phase is formed by a

slight distortion of the 8 phase. The orientation relationships,
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which follow directly from the atomic displacements, are (SIL58):
<0001> w || <111> 8
<1120> w || <110> B
As there are 4 <111> directions in the BCC structure, there are 4
variants of w precipitates. For each variant, there are 3 equivalent
sub-variants (CHA76),

The lattice parameters of the w phase also follow from the atomic

displacements. The theoretical lattice parameters are: a = /E'as,
Cy = /3 a8/2, c/a = .6124, For these lattice parameters, the atomic
volumes of the ®w and B structures are identical. Using XRD

techniques, Hickman (HIC6%9a) measured the w lattice parameters in a

Ti-Nb alloy and found: a =.4627nm, c =.2836nm, c/a = .6129.
3.3.3 Athermal w

Very fine, "diffuse" w precipitates have been found in several
Ti~-Nb alloys after quenching from high tempera}ures. These
precipitates, which cannot be observed by bright field TEM, are
generally detected in electron diffraction patterns. The ® phase
reflections in these patterns can be used to form dark field images of
the precipitétes. The precipitates form as ellipsoids of revolution
and range in size from 1 fo énm in length, but are typically about
2nm long.

The precipitation of w on quenching depends greatly on the quench

rate/temperature and alloy composition, It has been demonstrated
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(HAT68, MOR73) that in those alloys where a" may form, a fast quench
will produce ", while a slow quench will produce w precipitates.
Unfortunately, few studies have reported actual quench rates, giving
instead the type of quench and the initial temperature. A summary of
quench temperatures and alloy compositions for which athermal w phase
precipitation has been observed is shown in Figure 3.7.

A confusing result of the study of Balcerzak and Sass (BAL72) was
that, for a given alloy, increasing the quench temperature promoted
the precipitation of w over the formation of a". This result, which
was not understood by the original authors, is puzzling in that one
would have expected the quench rate to have been faster the higher the
quench temperature. On the other hand, the higher the quench
temperature, the longer would have been the actual duration of the
quench., This may have allowed sufficient time for the atomic shuffles
which producé the w structure to have taken place.

Another interesting result of the work of Balcerzak and Sass
(BAL72) was the observation of rows of w precipitates in the <111>8
directions. These appeared to coalesce on aging to form first "rafts"
of precipitates, then larger precipitates. This row morphology has
been observed iﬁ other alloy systems as well (SAS69, SAS72, DYAS83).

The composition of athermal w precipitates long has been assumed
to be the same as that of the matrix (HIC69). This is reasonable in
that during the quench there is insufficient time for any long range
diffusion to occur. Good supporting evidence for this assumption was

given by Lyon (LYO81). Electron microscopy indicated extensive w
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phase precipitation in a quenched 21.7% Nb alloy. Small angle x-ray
scattering (SAXS), however, indicated that the .specimen was
single-phase. As SAXS is sensitive only to differences in electron
density, it was concluded that the precipitates and matrix must have
been of the same composition.

The effect of cooling below room temperature was the subject of
two investigations of quenched Ti-V and Ti-Mo alloys (DEF71, DYA83).
It was found, using TEM and XRD, that the w diffraction spots at room
temperature were diffuse, indicating that the collapse of the (111)B
planes to form the w® structure was incomplete. The w spots became
sharper and more intense on cooling below room temperature.
D”yakonova, et al. (DYA83) found that the spot intensities increased
more than was calculated from the Debye-Waller effect. This increase,
however, was compensated by a decrease in the dimensions of the
diffraction spots in such a way that the total integrated intensity
varied according to the Debye-Waller effect. These results implied
that cooling did not ’cause the formation of additional ® pﬁase
precipitates, but, rather, caused a refinement (i.e. a more complete
collapse of the (111)B planeé) of the crystal structure of the
existing w precipitates. (It is not clear, however, that this was the
original interpretation.) The diffraction effects were found to be
reversible with temperature. These results confirm the theory of the

mechanics of w phase formation of deFontaine, et al. (DEF71).
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3.3.4 Isothermal w

It is dimplicitly undgrstood in all studies of the 1sothermal
formation and growth of w phase precipitates that the specimens
examined had been quenched from the high temperature, single-phase
region to room temperature first, and then aged at an elevated
temperature. There has been only one report (FR080, investigating a
commercial Ti-Mo-Zr-Sn alloy) of the isothermal formation of w phase
precipitates without an intervening room temperature quench. Beéause
of this, the effect of heating on the original, as-quenched
microstructure must be considered when discussing the isothermal w
phase.

The original, as-quenched microstructures may consist of either
B, B + a" or B *+ w, depending upon alloy composition and quench rate.
The short term effect of heating on the B and 8 *+ ® structures has not
been studied in detail. It was noted in passing (LY083), however,
that resistance measurements indicated that a 21.7%Z Nb alloy -- which
initially had a 8 + w structure —— reverted to B at 200 - 300C during
reheating and then reformed a B + w structure isothermally at 300 -
450C.

The decomposition of the B + a" structure has been reported to
follow two different paths (HAT68, BAK69, HIC69a, FL0O82). The first
_ two studies, using LM, XRD and TEM, reported that in ~21%7 Nb alloys
complete reversion of o" toB occurred within 2 - 4 minutes at 330C and

that precipitation of the ®w phase began after "5 minutes. Hickman
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(HIC69a) found that a" reverted to B followed by the immediate
precipitation of w during aging above 200C for a 22% Nb alloy, 150C
for a 25% Nb alloy,.

Flower, et al. (FLO82) have interpreted TEM micrographs to
indicate that a" in Ti-Nb (and Ti-V and Ti-Mo) alloys undergoes a
spinodal decomposition. This mode of decomposition was observed in
quenched alloys as well as in a 7.7% Nb alloy heat treated 100 minutes
at 525C and an 1l1.4% Nb alloy heat treated at 375C. Above these
temperatures it was found that a" reverted to 8. Because the
interdiffusion coefficient increases exponentially with decreasing
niobium content (see section 4.2.4), it is difficult to correlate the
results of Flower, et al. with those cited abﬁve. On the basis of
related investigations (DAV79, DAV79a), it may be assumed that the TEM
specimens of Flower, et al. were electropolished. Microstructures
similar to those observed by Flower, et al. were observed during the
course of the present study and were concluded to be electropolishing
artifacts. For these reasons, the interpretations of Flower, et al.
are subject to some doubt.

At the aging temperature, w phase precipitates form and grow.
The temperatures and compositions at which isothermal w® phase
precipitation has been observed are summarized in Figure 3.8. As for
the athermal form, the precipitate morphology is that of an ellipsoid
of revolution with the ratio 'of the major to minor axes generally
being 2.5 - 3 (KRA67, BAK69, V0z70, LYO81), though ratios as high as 5

have been reported (KRA67, BAK69). A rod-like morphology has been
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reported in a commercial Ti-Mo-Zr-Sn-0 alloy (FAT83) in which the
ratio of the axes was ~10.

The kinetics of the growth of isothermal ® were the subject of
two studies (MOR73, LYO81). Studying a 16.7% Nb alloy Morniroli and
Gantois (MOR73) found that the size distribution of the precipitates
was narrow for aging times up to 2 hours. This broadened considerably
with increasing time. For times up to 120 hours at 400C, it was found
that the major axis of the precipitates lengthened as tl/3. An
activation energy of ~21 kcal/mole was derived from measurments of the
precipitate growth as a function of temperature for 2 hour heat
treatments between 391 and 453C. Using their tabulated data, however,
an activation energy of only 16.7 kcal/mole was calculated in the
course of this review.

Lyon (LYO81) used both TEM and SAXS in his investigation of the
phase growth kinetics in a 21.,7% Nb alloy. The specimens initially
consisted of B *+ w. The precipitate size distributions were found to
vary in the same manner as noted above (MOR73). On the basis of TEM
measurements, the major axis of the precipitates was found to increase
as g1/5 for times up to 232 hours for temperatures between 378 and
438C. SAXS measurements of the length of the major axis always
yielded values about 1.6 times smaller .than those measured using TEM.
In addition, the SAXS measurements of the precipitate dimensions
showed little time dependence for aging times longer than 25 hours.
These results are in marked contrast to that of Morniroli and Gantois

(MOR73). The SAXS intensity curves also indicated that the w
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precipitates did not have a uniform electron density. The differences
in the TEM and SAXS results were reconciled by proposing that the ®
precipitates were poor in Nb, but were surrounded by Nb-rich shells.
(This shell/precipitate structure has been proposed by others (HAT6S,
BAK69) as well.) The uncertainties in the interpretations of the SAXS
measurements, however, leave the appropriateness of this proposal in
some doubt.

The discrepancies in the growth kinetics between these two
studies are yet to be resolved. The answer may lie in the different
compositions of the two alloys, or in differences in the initial
state, vacancy supersaturation, or interstitial content of the two
alloys.,

The composition of the isothermal form of the w phase was
investigated by Hickman (HIC69a) using the XRD technique of Bond
(BON60). The change in lattice parameter of the matrix was measured
as a function of heat treatment time and temperature in order to
determine the composition of the matrix. The intensities of the B and
w reflections were measured and used to calculate the volume fraction
of ®w precipitates. These data were combined to calculate the
composition of the w phase precipitates. It was concluded that the
terminal w composition was about 9% Nb.

The results of this study are subject to some doubt for the
following reasons. The method of determining the o phase wvolume
fraction was mnot clear, though it is quite important to the

compositional calculations. At short aging times ‘it was found that
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the B phase lattice parameter contracted instead of expanded. This
was attributed to elastic effects, which seems doubtful in that the
atomic volumes of titanium and niobium differ by less than 2% (BAR66).
The atomic volume differences of the constituents of the other alloys
fnvestigated (Ti-Mo, Ti-Fe, Ti-Cr) are much larger, yet similar
effects &ere not noted. The error in the lattice parameter
measurements was stated as being +.02pm (the Bond technique can be
precise to +.00lpm (BON60)). Shifts of only .06 to .lpm were reported
in alloys of 22 and 257% Nb. In alloys of these compositions, the
variation of the BCC lattice parameter with composition is only about
.Olpm/at%,Nb (see section 4.5.2). The results of section 4.5.2 also
show that wvariations in the lattice parameter of the magnitude
measured by Hickman may be due to variations in the preparation of XRD
specimens. All of these combine to make an estimate of matrix

composition based on the B phase lattice parameter very difficult.
3.3.5 Effects of Interstitials

There have been several studies of w phase formation as a
function of interstitial content. Unfortunately, only one was
concerned specifically with the Ti-Nb system (HAN85) ~-- the rest
investigated either the Ti~-V or Ti-Mo systems. In addition, most of
the studies wused indirect methods to examine the effects of
interstitials =-- only four used TEM or XRD (PAT73, FRO80, HANS8S5,

HAY85).
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The effects of oxygen are fairly well established. Examining a
22,5% Nb and a 22.5% Nb + 1.3% O alloy with TEM, Hanada, et al.
(HANSS5) founé-that oxygen suppressed the formation of athermal w and
retarded the growth kinetics of isothermal w. At the same time,
precipitation of o was enhanced. The same effec;s weze observed by
Froes, et al. (FR0O80) in a Ti-Mo-Zr-Smn alloy. Paton and Williams
(PAT73) found that oxygen additions lowered the w start temperature in
several Ti-V alloys. In a 19% V alloy, the w start temperature was
lowered from OC for an oxygen content of .076%,0, to =-165C for
«227% 0.

It is interesting to note that &-titanium pxide has the same
crystal étructure as the w phase. The composition of this oxide has
been estimated to be TijO and its lattice parameters are: a = .499nm,
c = .288nm, c/a = .5767 (AND59).

There are conflicting interpretations as to the effect of
hydrogen additions on w phase formation. Using XRD techniques, Hayman
and Gerberich (HAY85) found that up to 9.8% H in an 8.7% Mo alloy had
no effect on the formation of athermal w, although both the B and ®
lattices were expanded. In an 11.1% Mo alloy, however, they found
that 12.9% H suppressed athermal w formation. In contrast to this
study, the data of several investigations based on measurements of
internal friction and the elastic moduli in Ti-V and Ti-Mo alloys have
been interpreted as indicating that hydrogen additions promoteb the
B + w transformation (AHL78, PAT75, PAT76). Guiles and Ono (GUI76),

however, using the same techniques, were more cautious in their
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analysis and effectively discounted the previous claims. As this
debate is centered on the analyses of internal friction measurements
in alloy systems not of immediate interest, no conclusions about the
effect of interstitial hydrogen on the formation of the w phase in

Ti-Nb alloys can be drawn.

3.4 Related Phenomena

Measurements of resistivity and microhardness are often used to
follow the course of a precipitation reaction. In addition, they
provide valuable information to the engineering and physics community.
These techniques, though, provide only indirect measures of a
particular reaction —— they cannot, of themselves, identify the nature
of a reaction.

There have been several investigations which have included
measurements of resistivity and hardness. As noted in sections 3.2
and 3.3, the microstructures of the high titanium alloys are very
sensitive to thermal history and to interstitial impurities. Most of
the studies to be discussed in this section gave insufficient details
of their sample preparation techniques and offered scant
microstructural information, making interpretation of their results
difficult. Consequently, the resistivity and hardness data will be
given at this point for completeness and future reference, but a
detailed analysis will not be offered until the discussion of the

results of the present study.
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3.4.1 Resistivity Measurements

Measurements of the resistivity, P, of alloys of titanium with
other tramsition metals have shown two anomalies (COL84). The
compositional dependence of the isothermal resistivity does not
exhibit the expected solid solution behavior. Also, the resistivities
of several high titanium alloys show a negative temperature
dependence, i.e. they become more resistive with decreasing
temperature. For a summary of results pertaining to related alloy
systems, see the review of Collings (COL84).

The composition dependence of ¢ for Ti-Nb alloys is shown in
Figures 3.9a and b. The data in Figure 3.9a are for 273 and 77K (73K
for AME54), those in Figure 3.9b for To (l.2K in a magnetic field for
BER63). All of the specimens used in these investigations had been
annealed and quenched, with the exception that some of those of
Berlincourt and Hake (BER63) had been cold-worked.

The temperature coefficient of resistivity, 9p/3T, between 273
and 77K is shown as a function of composition in Figure 3.10. The
data of both Ames and McQuillan (AME54) and Prekul, et al. (PRE75)
showed slight positive deviations from linearity between 273K and 77K.
The latter set of data also showed that below about 40K, 3p/3T
approached O. The data of Prekul, et al. and Hochstuhl and Obst
(HOC82) showed that for those alloys with a negative 293p/3T, the
resistivity reached a maximum around 80K, below which temperature

3p/3T was positive.
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These studies did offer some microstructural and processiﬁg
information about their specimens. 1M of the 20% Nb specimen used by
Ames and McQuillan showed retained 8. The 10, 20 and 25% Nb specimens
of Berlincourt and Hake were found not to be siﬁgle phase (using XRD),
but the phases present, other than B8, were not detérmined. All but
the 257 Nb specimen of Prekul, et al. were water quenched from 1100C.
Hochstuhl and Obst assumed that their specimen was single phase 8.

Sections 3.2 and 3.3 showed that alloys whose compoéitions are
between 18 and 30% Nb form either 8 + a" or 8 * ® on quenching. This
is just the range of compositioné in which a negative 3p/3T has been
observed. . Since only extremely fast qﬁench rates may produce single
phase B specimens (JEP70), it may be concluded. that those specimens
assumedwto be single phase (AME54, HOC82), as well as the 25% Nb alloy
of Prekul, et al., in fact consisted of B + w. |

The anomalous compositidn dependence'of p has been discussed in
the literature (COL74, ©LAR80), but has mnot received intensive
experimental study. Collings (COL74) suggested that it is due to a
combination of irreversible w phése precipitatidn and soft phonons,
the latter bein;\the source of anomalous resistivity in solute rich
alloys. Larbalestier (LAR80) attributed this amomaly to an increasing
phonon amplitude caused by a decreasing shear modulus as the 8 transus
is approached. |

There has been much discussion in the literature as to the cause
of the anom;lous temﬁerature dependence of the resistivities of

titanium—based alloys. It has been aﬁtributed either " to the
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reversible formation of athermal w precipitates (HO72, COL74, COL78),
to the refinement of the crystal structure of existing w precipitates
(DYA83), or to the BCC lattice instability which causes the
precipitation (CHA74, COL74).

D“yakonova, et al. (DYA83) used TEM to study the effects of
cooling on a series of quenched Ti-V alloys. On the basis of SAD
measurements, it was determined that cooling these alloys resulted in
a more complete collapse of the (1l11)B planes in the as—quenched w
precipitates, rather than in an increase in the amount of w® phase
precipitation (see seétion 3.3.1). Intensities of the w phase
reflections were measured at room temperature and at -160C (or -180C)
and their ratios determined. In the 19 and 23% V alloys, the measured
intensity ratios were 4 to 5 timeé the calculated values, and §p/3T
was found to be negative. In the other alloys (13, 17 and 407% V),
3p/3T was positive and the increase in the intensity ratios was only
20 to 60% above the calculated values.

Studying a series of Ti—Cr'alloys, Chandrasekaran, et al. (CHA74)
concluded that a negative 3p/3T was due to the instability, per se, of
the BCC lattice with respect to the w structure. Two alloys which
exhibited a negative 8p/38T were examined in an electron microscope
using a cold stage capable of attaining “93K. Neither showed evidence
in SAD of the formation of w precipitates. From this it was concluded
that a negative 3p/3T was a property of the metastable BCC lattice
itself and was not due to the reversible formation of athermal w phase

precipitates. In addition, it was noted that the same alloys after
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isothermal aging, which did produce w precipitates, possesed a
positive value of 3p/3T.

Hochstuhl and Obst (HOC82) proposed the same mechanism for a 227
Nb alloy; however, they postulated that at about 80K (the temperature .
of maximum resistivity in their alloy), Q precipitates formed,
allowing the lattice to relax and exhibit a positive 9p/3T with
further cooling. Their curvé of p vs T was found to be reversible
with the exception that plastic deformation at 180K caused po to drop

significantly and 3¢/38T to be always positive.
3.4.2 Vicker”s Hardness Measurements

The results of hardness measurements on annealed and quenched
alloys are shown in Figure 3.11. The data of Guzei (GUZ66), Guseva
(GUS82) and Collings (COL84) are in fairly good agreement. (The data
of GUS82 were obtained from alloys which had been quenched from
1000C.) These data show a sharp maximum at approximately 13.5% Nb.
The data of Bagariatskii, et al. (BAG59) exhibit the same
compositional dependence, though at significantly greater hardness
values.

Some microstructural information was given in these studies as
well. The upper limit of martensite formation was determined to be
“12% Nb (GUZ66 using LM) or ~14.,5%Z Nb (BAG59 using XRD). XRD also
indicated that the 12 to 20% Nb alloys of GUS82 contained B8 + a" + w.

Precipitation of the w phase was found to be responsible for the peak
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in the hardness curve (BAG59, GUS82). Alloys containing more than 20%

Nb were found to be single phase B.

3.5 Results of the Present Investigation — Quenched Alloys

The effect of quench rate on microstructure was investigated in
this part of the present study. The alloys were quenched to room
temperature after recrystallization at 1000C. The measurement of the
quench rates produced in this study was discussed in section 2.3.1.
These quench rates are shown again in Figure 3.12.

The microstructures produced during quenching were found to be in
general agreement with the data of the literature. Not reported in
the literature, however, were the significant effects these
microstructures had on the resistivities and hardnesses of these

alloys.

3.5.1 Microstructures Resulting from the Fast Water Quench

The FW quench produced a martensitic structure in the 20 and
25-FW specimens. An SAD pattern and bright field micrograph from the
20-FW specimen are shown in Figures 3.13a and b. The B8 + a"
diffraction pattern is very similar to the B + a pattern (see Appendix
A). The o' orientation relationships given in section 3.2.1 are

confirmed in this diffraction pattern. The bright field image shows a

strained and heavily faulted microstructure. Large regions of single
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FIGURE 3.13 TEM micrographs of the 20-FW specimen
a) [110] SAD pattern showing B and o' reflections
b) Bright field image
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phase B were quite common in the 20-FW TEM specimen. These B regions
showed no evidence of w phase precipitation, though there was some
very slight reciprocal lattice streaking in the ® positions.

Light metallography indicated that the 25-FW specimen had
substantially, but not completely, transformed to martensite. This
was evident in the center of the specimen where very fine w®w phase
precipitates in a B matrix were found using TEM.

The 30 and 35-FW specimens were found to be single phase B. SAD
patterns from these specimens, however, showed some reciprocal lattice
streaking (examples of this streaking will be given in section 3.5.2).
This streaking, which is the result of the BCC structural instability,
indicated that the transformation of the matrix to the w structure was
in its very early stages, but had not produced actual precipitates.
This condition will be referred to hereafter as the formation of
"yirtual" w precipitates.

The 30-FW LM specimen was submerged in 1liquid nitrogen in an
attempt to produce a martensitic structure. No rumpling of the
specimen surface was observed after warming the specimen to room
temperature.

X-ray diffraction studies of the 20-FW specimen were complicated
by the metastable nature of the microstructure. It was found that
powders of this specimen did not retain the martensitic microstructure
through the filing and annealing procésses. In order to obtain some
information about the martensite, a solid specimen was used. A short

length of 3mm rod was cut from the 20% Nb alloy, annealed at 1000C and
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FW quenched, and then round-rolled until it was ~.5mm in diameter.
This wire was sealed in a quartz tube, as described in section 2.3,
and annealed for 2 hours at 1000C.

The FW quench was difficult to reproduce in the wire specimen.
It was undesirable to quench such a small specimen directly into water
because of contamination considerations. It was found, however, that
a residual argon atmosphere of 100 Torr, coupled with quenching -the
tube, without breaking it, into liquid nitrogen produced a martemsitic
specimen.

The d-spacings determined for the 20-FW wire specimen are given
in Table 3.2. Due to the relative bulk of the specimen, absorption of
the Cu Ka x-rays caused the low angle diffraction lines to be shifted
significantly. The ~orthorhombic lattice parameters were not

calculated, though the diffraction pattern could be indexed as B + a'.
3.5.2 Microstructures Resulting from the Air Cool Quench

The AC quench allowed the formation of w phase precipitates in
many of the AC specimens. The presence of w precipitates éould be
detected easily in SAD patterns. SAD patterns from the AC specimen
series are shown in Figures 3.l4a - h. TFor an analysis of these
electron diffraction patterns, see Appendix A.

The w diffraction spots gradually become less sharp as the
niobium content of an alloy is increased. Using these spots, the w

precipitates could be imaged in dark field in the 20 and 25-AC



TABLE 3.2

d-spacings of the 20-FW Wire Specimen

d (nm)  HKL (a") HKL (8)
.26287 110

. 25247

.23693 020

.22868 111 110
21114 021

.16539 022

.16317 200
.15829 200

.14222 130

.13576 131

.13312 113 211
.13061 202

.12710 221

.12125 132

.11559 004 220
.11478 222

.10357 310 310
.09554 043

.09458 222
.09366 204

.08764 321

.07737 330
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FIGURE 3.14 [110] SAD patterns of the AC specimens showing the change
in @ phase precipitation from "real" to "virtual"
a) 20-AC, b) 25-AC, c¢) 30-AC, d) 35-AC
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FIGURE 3.14 [110] SAD patterns of the AC specimens showing the change
in w phase precipitation from "real" to "virtual"
e) 40-AC, f) 50-AC, g) 60-AC, h) 70-AC



84

specimens. -~As a coﬁsequence, these precipitates were classified as
"real". The intenSities of the o reflections in the SAﬁ pattern of
the 30-AC specimen»wgre insufficient td produce‘a dark field image,
though they are sharper and moré intense ﬁhan those of the 30-FW
specimen. . The othef spécimens appear to be single phése B, though
considerable recipfocal laftica streaking can be observed in specimen;
with cdmpositions,of up- to 50% Nb. As in the 30 and 35~FW specimens,
‘this‘streaking indiéateé the presence of "virtuél" Q precipitates.
(It should be noted‘théf.in order to sﬁow this étreaking,‘these SAD
pétterns received 10 . times the exposure of other diffraction
~ pattermus.) | |

| Representati?e of the microstructures of the 20, 25 and 30-AC
specimens are those shown in Figures 3.15a, b and c. Figure 3.l5a is
a dark field micrograph of the 20-AC specimen showing dense
precipitation of very smail w precipitates. It should be tremembered
thaﬁ these precipitates. represent only 1/4 of the total w phase
precipitatipn.

The bright field micrographs in Figures 3.15b and ¢ show a very
different type of precipitate. Extensive tilting of the specimen did
not produce any:additional reflections in SAD, nor did it cause the
appearance of - these precipitétes to change appreciably. The

‘preéipitates are visible in bright field due to the large strain
fields surrounding each. Thesé strains indicate that the precipitates

are at least semi-coherent with the matrix.



FIGURE 3.15 TEM micrographs of the 20-AC specimen
a) Dark field image showing athermal w precipitates
b and ¢) Bright field images showing unknown precipitates
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The 20-AC LM specimen showed a densely precipitated structure,
but it was beyond the resolving power of LM, vThere appeared to be
transformation free zones at the grain boundaries; The rest of the LM
specimens appeared to be Singlé phase.

Polished specimens of the 20 and 25-AC alloys were submerged in
liquid nitrogen in an éttempt to produce a martensitic structure.
Again, no surface rumpling was observed after warming the specimens to
room temperature. |

The x-ray diffraction pattern of a 20-AC wire specimen was
confusing. The diffraction pattern indicated a two phase structure,
but the second phase could not be indexed as w. The d-spacings

determined for this specimen are given in Table 3.3.
3.5.3 Microstructures Resulting from the Furnace Cool Quench

The general microstructural features of the AC specimen series
were reproduced in the FC specimen series. The slower cooling
resulted in sharper and more intense @ phase reflections in the SAD
patterns of the specimens. This was particularly noticable in the 357
va specimen. The FC quench also allowed for growth of the
precipitates during the quench. This can be seen in the micrographs
of Figures 3.16a and b. These are dark field micrographs of the 20-AC
and 20-FC specimens. It can bé seen that the w precipitates in the FC
specimen are larger and have greater definition than those in the AC

specimen.



TABLE 3.3

d-spacings of thé 20-AC Wire Specimen

d (om) HKL (B)
.28086

.25378

«22972 110
.21902

.21026

20494

.16334 200
.15061

. 14604

14202

.14013

.13623

.13353 211
.11576 220
.10369 310
.09467 222
.08770 321
.08769 321
.08208 400
.08206 400
.07739 330

.07739 330
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'FIGURE 3.16 Comparison of w phase precipitation as a function of

quench rate (Dark field images)

a) 20-AC, b)20-FC
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Precipitates of the type shown in Figures 3.15b and ¢ were not
found in the 20-FC TEM specimen. They were observed, however, in the

25 and 35-FC TEM specimens.

3.5.4 Resistivities of the Quenched Alloys

The isothermal resistivities as a function of composition for the
FW and AC specimens are shown in Figures 3.17a, b and c¢ for room
temperature (~295K), 77.4K and T, (~10K), respectively. (All of the
alloys in this study became superconducting in liquid helium, so the
resistivities reported for T, are actually the normal state
resistivities just above the superconducting transition temperature,
Tc.) The data are presented in Table 3.4. These resistivity values
were found to be reproducible with temperature cycling.

Several results are demonstrated in Figures 3.17. There is no
indication  of conventional solid solution behavior =-- the
resistivities show a continued increase with decreasing niobium
content. For alloys with compositions of 30%Z Nb or more, the
resistivities are not significantly affected by quench rate. The
resistivities of the 20 and 25-AC specimens are greater than those of
the 20 and 25-FW specimens at all temperatures. Below room
temperature, the resistivities of the 20 and 25-FW specimens drop
significantly while those of the 20 and 25-AC specimens remain high.
This marked effect due to quench rate has not been reported in the

literature.
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TABLE 3.4

Resistivities of the Quenched Alloys

93

W AC FC
% Nb 295 77.4 Te 295 77.4 Te 295 77 .4 Te
20 99,2 78.2 70.8 106.0 106.4 105.6 104.,4 103.1 101.7
25 91.3 85.6 82.2 93.9 96.6 95.8 94.4 96.2 95.7
30 82.0 78.9 77.3 8l.7 79.1 77.8 82.9 80.7 79.3
35 75.2 67.8 65.4 75.5  68.7 66.7 75.1 68.7 66.7
40 68.9 60.8 58.0 69.0 60.2 57.8 69.2 60.4 57.9
50 60.9 50.2 47.1 60.6 50.0 47.1 60.5 50,0 46.9
60 53.1 41,9 38.8 52.4 41,5 38.5 52,2 41,2 38.1
70 44,6 33.2 30.1 44,4 33,0 30.0 43.8 32.6 29.6
100 14.5 2.54 .164
Resistivities in uQ-cm
Temperatures in Kelvin
Alloys quenched from 1000C to room temperature
TABLE 3.5
Temperature Coefficients of the Resistivities
FW AC FC
3 30 3p

% Nb Po 3T Po aT Po AT

20 70.38 .0977 106.54 =-.0018+ 101,97 .0087

20 105.52 .0114%

25 82.54 .0303 97.51 -.0123+ 96.9 ~-.0086+

25 95.76 .0103* 95.59 .0083%

30 77 .36 .0161 77.85 .0131 79.45 .0121

35 65.18 .0337 66.33 .0309 66.44 .0295

40 57.75 .0378 57.26 .0394 57.43 .0399

50 46,53 .0487 46,53 .0470 46,38 .0478

60 38.15 .0507 37.85 .0488 37.50 .0498

70 29.45 .0510 29.33 .0503 28.94 .0504
100 -.786 .0512

Temp Range: 295K - T¢;

Po in uQ-cm,

3p/3T in u@-cm/K

except +(295K - 77K), *(77K - T¢)
Alloys quenched from 1000C to room temperature
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When plotted as a function of temperature, the data for each
quench series formed a series of straight lines of the form:

P =po + T * 3p/3T

Continuous measurements of p as a function.of T were not made, making

it. impossible to determine if there were any actual deviations from

linearity. Exceptions to this were the 20-AC, 25-AC, and 25-FC

specimens which exhibited a negative 3p/8T between 295 and 77K. 1In

all specimens, regardless of quench rate, 3p/3T was positive between

77K and Te. The data for po and 89p/3T are presented in Table 3.5, and

are plotted in Figures 3.18a and b, respectively. The temperature

range for these data is 295K to T., except as noted.
3.5.5 Vicker”s Hardness Numbers of the Quenched Alloys

The compoéitional dependence of the Vicker”s hardness number,
VHN, as a function of quench rate is shown in Figure 3.19. Also
plottéd are the hardness values of the swaged alloy rods before the
de-hydrogen anneal (these rods had been subjected to a true strain of
approximately 2). The data are presented in Table 3.6. It is
interesting to note that the VHN. of the 40 - 100-FW specimens
demonstrate a compositional dependence resembling that of conventional
solid solution behavior.

The effect of the different micréstructures produced by the
different quench rates is quite apparent in these data. The FW

specimens are quite soft when 'compared with the AC and as-swaged
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TABLE 3.6

Vicker”s Hardness Numbers of the Quenched Alloys

% Nb Swaged* FW _AC
0 225 145
20 245 174 258
25 224 149 198
30 197 130 172
35 169 113 151
40 156 102 138
50 167 145 146
60 189 157 159
70 197 156 155
100 101 68

100g load -- Typical Errors: 3%
Alloys quenched from 1000C to room temperature
* True strain of ~2
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specimens. This effect has not been reported in the literature. As
noted in the previous sections, the quench rate did not affect the

properties of the 50, 60 and 70% Nb alloys.

3.5.6 Discussion of the Results

A summary of the microstuctures of the quenched alloys is given
in Table 3.7. Presented in this table are the second phases found in
the specimens as a function of alloy composition and quench rate (the
matrix phase in all cases is B). The results presented in sections
3.5.1 = 3.5.3 show that the sensitivity of the microstructure of an
alloy to quench rate increases with decreasing niobium content.

The conditions under which martensite could be produced in the
alloys of the present study were in general agreement with those
established in the literature. An FW quench produced a" in specimens
of the 20 and 25% Nb alloys, though it appears that Mg is close to
room temperature for a 25% Nb alloy. Submerging the 30-FW LM §pecimen
in 1liquid nitrogen did not produce any surface rumpling. This
indicates that Mg for a 30%Z Nb alloy is below 77K. Submerging the 20
and 25-AC LM specimens in 1liquid nitrogen also failed to produce
artifacts of a martensitic transformation. In these specimens, the
martensitic transformation had been inhibited by the presence of w
precipitates.

Comparison of these results with those of the literature show

that two points are in need of further discussion. Figure 3.4 showed



TABLE 3.7

Second Phases in the Quenched Alloys

Quench 20 25 . 30
FW a" a + o virtual w
AC W w w
FC w w W
Quench 40 50 60
AC virtual o virtual w -

Alloy compositions in at% Nb

100

35
virtual o

virtual w
0

70

Alloys quenched from 1000C to room temperature
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the type of transformation to be expected for a given quench rate,
according to Jepson, et al. (JEP70). This figure is reproduced in
Figure 3.20, with the FW and AC quench. rates of the present study
plotted for the 20 and 25% Nb alloys. According to this figure, both
quenches should have produced a martensitic structure in the 20% Nb
alloy. The FW quench in the 25% Nb alloy should have produced single
phase B, the AC quench, martensite. These disagreements may be due to
the féct that the phase transformations which occur in very thin and
bulk specimens do not always correlate with each other.

The second point to be discuésed is the o" lattice parameter data
of Morniroli and Gantois (MOR73). Data were given by these authors
for alloys with compositions of 25, 26.6 and 28.2% Nb. The results of
the present study are in agreement with the Mg data of section 3.2.2
which show~ that Mg for these three alloys is at, or below, room
temperature. Morniroli and Gantois did not indicate that any of their
diffraction experiments were performed below room temperature, leaving
their lattice parameter data for these three alloys in doubt.

Identification of the precipitates shown in .the bright field
micrographs of Figures 3.15b and ¢ was not possible using SAD. Due to
their asymmetrical shape, it is unlikely that these precipitates are
8. They may have been o nuclei, but the possibility that they are
the result of contamination introduced during TEM specimen preparation
also cannot be ruled out.

Precipitation of the ® phase could be produced in most of the

alloys of the present study under the appropriate quench conditions.
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Exceptions were the 50, 60 and 70% Nb alloys. The results of sections
3.5.1 - 3.5.3 show that the lower the niobium content of an alloy
and/or the slower the quench rate, the more "real" and better defined
are the w precipitates.

The compositional dependence of ® phase precipitation in the
Ti-Nb system may be understood in the following manner. (This
interpretation is similar to that of Collings (COL74) for the Ti-V
system, and in accord with the theory of deFontaine, et al. (DEF71)
for the temperature dependence of the internal structure of w phase
precipitates.) Decreasing the niobium content of an alloy causes the
BCC lattice to become increasingly unstable. Initially, the lattice
responds to this instability with a partial collapse of the (1l11)8
planes to form ''virtual" w phase precipitates. With further
red;ctions in niobium content the collapse of the (l11)8 planes
becomes more complete, eventually producing '"real" w precipitates.
The effect of this refinement of the ® crystal structure with
decreasing niobium content is shown in the sequence of SAD patterns in
Figure 3.l14, (Similar sequences have been published for the Ti-Nb
(BAL72) and Ti-V (MCC71) systems.)

The effect of quench rate on the férmation of w phase
precipitates demonstrates two points. First, it confirms that the
B + w transformation 1is thermally activated as postulated by
deFontaine, et al. (DEF71). Second, it shows that diffusion during a

quench not only promotes a more complete collapse of the (l11)8B
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planes, but also enables growth of the w precipitates. This latter
point is demonstrated in Figures 3.16.

A subtle result of this study is that decreasing the niobium
content of an alloy makes it increasingly more difficult to produce a
strictly single-phase alloy, regardless of quench rate. The
instability of the BCC lattice results in either the formation of
martensite, in the 20 and 25% Nb alloys, or the precipitation of the w
phase. The effect of this instability is reflected in the resistivity
and microhardness data.

The effect of microstructure on p and VHN is quite apparent in
Figures 3.17, 3.18 and 3.19, particularly for the 20 and 25% Nb
alloys. The B * o' microstructure is much softer than the 8 * w
microstructure. At room temperature the B f " and B tw
microstructures effect similar resistivities; however, upon cooling

to T., the resistivities of the B + a" alloys drop significantly,
while those of the B + w alloys increase slightly. This effect of
microstructure on the physical properties of Ti-Nb alloys has not been
reported in the literature.

The compositional and quench rate dependence of VHN and po
correlate well with the refinement of the w phase crystal structure.
The abrupt upturn in the VHN vs composition curves coincides with the
beginning of '"virtual" w phase precipitation. As the precipitates
become more '"real', due to a decrease in either the niobium content of

a specimen or the quench rate of the specimen, both VHN and ro

increase.
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The temperature coefficient of P for the 30 - 70% Nb alloys also
can be correlated with the refinement of the  phase crystal
structure. Figure 3.18b shows that the gradual change from '"virtual"
to "real" precipitation with decreasing niobium content results in a
monotonic decrease in 3p/3T. A decrease in the quench rate for a
given alloy produces the same effect, though to a much smaller extent.

The temperature dependence of p. for the 20 and 25% Nb specimens
in the AC and FC series may be interpreted in the following manner.
(This interpretation is similar to those of Collings (COL74) and
D”“yakonova, et al. (DYA83).) The results of the present study
demonstrate that an increase in the refinement of the w crystal
structure results in an increase in Po and a decrease in 9p/3T.
deFontaine, et al. (DEF71) and D“yakonova, et al. (DYA83) showed that
this refinement could be produced by cooling a specimen go cryogenic
temperatures. Therefore, decreasing the temperature of a specimen may
result in an increase in po and a decrease in 8p/3T. If the effects
of w structure refinement are great enough, a net negative value of
3p/3T may result (as was seen in the 20-AC, 25-AC and 25-FC
specimens). The reversal of the sign of 3p/3T upon cooling below 77K
may be interpreted as indicating that the ® crystal structure does not
undergo further refinement, i.e. the (l11)B planes have collapsed
sufficiently to produce a fixed B + w microstructure,

The interpretation of this study is that 9p/3T may be negative
only in those alloys in which the structure of the w precipitates

changes appreciably with decreasing temperature. The differenée in
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3p/9T for the ZO—AC and 20-FC specimens indicates that the
microstructure of the 20-AC specimen changes on cooling, while that of
the 20~FC specimen does not. (It will be recalled that diffusion
during the FC quench resulted in a more complete collapse of the
(111)8 planes.) That 8p/3T is positive for most of the w containing
specimens indicates that their microstructures do mnot change with
decreasing temperature.

Between 77K and T¢ 3p/3T is positive for all specimens. The data
of this study indicate that, in this temperature range, the minimum
value of 93p/3T is ~.0llu@-cm/K, regardless of alloy composition or
specimen quench rate. This result 1is in égreement with the
interpretation of this study.

In comparing the results of this study with those in the
literature, there are both agreements and disagreements. The
resistivity data of the literature are in general agreement with the
data for the AC and FC series alloys of this study. There are
disagreements regarding the interpretation of results with the studies
of Hochstuhl and Obst (HOC82), and Chandrasekaran, et al. (CHA74).

The assumption by Hochstuhl and Obst that w precipitates did not
form in their 227 Nb alloy until 80K is incompatible with the findings
of the present study on two accounts. The results of the present
study show that it is extremely difficult to produce a single-phase
specimen of this composition. The present study also shows that the

formation of w phase precipitates leads to an increase in the
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resistivity of an alloy, not a decrease, Their findings, however, can
be interpreted using the mechanism proposed in the present study.

The determination by Chandrasekaran, et al. (CHA74) that a
negative 3p/8T is due solely to the BCC lattice instability, per se,
and not to w phase precipitation is also at odds with the results of
the present study. In light of the present study, their results may
interpreted as follows., A negative 79p/3T indicates that the
stabilization process of the matrix, by way of 'real" or "virtual" u
phase precipitation, continues with decreasing temperature. That this
was not seen in TEM demonstrates the difficulty of producing a bulk
phase transformation in a very thin specimen. The positive 8p/8T
found after the isothermal precipitation of ®w in the same alloy can be
explained by supposing that the precipitation which occurred during
heat treatment stabilized the matrix. and that the microstructure did

not change further during cooling.

3.6 Results of the Present Investlgation = Quenched and Aged Alloys

Determination of the stability limits of the isothermal w phase
was the subject of this part of the present investigation. The
specimens studied were air cooled to room temperature following
recrystallization at 1000C. Fifteen minutes after removal from the
1000C furnace, the specimens were placed in another furnace and aged
for 96 hours at temperatures between 300 and 500C. Only specimens of

the 20 to 35% Nb alloys were heat treated and examined.
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The quenched and aged specimens fell into two groups =-- those
that formed w precipitates during isothermal aging (20 and 257% Nb),
and those that didn“t (30 and 35% Nb). The presentation of the
results in this section is divided accordingly. ‘

Two variations of this thermal processing were studied also. The
effect of the rate of the intermediate quench was studied using the
20% Nb alloy. The effect of the presence of the intermediate quench
was studied by directly aging specimens of the 20 to 35% Nb alloys at

400 and 500C for 96 hours.
3.6.1 Microstructures of the 20 and 25% Nb Specimens

Isothermal precipitation of the w phase was observed in éuenched
specimens of the 20 and 25% Nb alloys that ﬁad been aged at 300, 350
and 400C for 96 hours. Representative dark field micrographs from the
20-AC-96/300 and 20—AC-96/4OO specimens are shown in Figures 3.2la and
b, respectively. These micrographs show that aging at higher
temperatures results in larger precipitates. They also show that the
matrix/precipitate interface is sharper at higher temperatures. This
can be noticed especially at the narrow ends of the precipitates where
they appear to fade into the matrix.

Several general features of w®w phase precipitation were observed
in these specimens. The orientation relationships given in section
3.3.2 were confirmed. The w precipitate morphology was always one of

an ellipsoid of revolution with the major axis parallel to <0001>w
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b

.

FIGURE 3.21 Comparison of w precipitate size as a function of aging

temperature (Dark field images)
a) 20-AC-96/300, b) 20-AC-96/400
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(<111>8). In addition, several manifestations of the subvariants
described by Chang, et al. (CHA76) were observed. An attempt was made
to determine the composition of the « precipitates using séanning
transmission electron microscopy (STEM) and EDS, but the presence of
the surrounding matrix preclgded a reliable detefmination. Bright
field images of thesé specimens shoﬁed{that the'w precipiﬁates caused
extensive strains in the BCC matrix. These strains, and the fact that
no interfacial dislocations were evident, indicated that the w
precipitates were coherent with the matrix. There was no evidence of
a precipitaté freevzone at the grain boundaéies.

The dimensions‘.of ﬁhe w precipitates as a function of aging
temperature are given in Table 3.8. (In this table, 2a is the length
of the major axis, 2b, the minor axis.) It was found that the
precipitate size distributions ~were quite broad -for all of the
specimens examined. The lengths of the major and minor a#es varied by
as much as a factor of 2. ‘The ratios of the two dimensions, however,
were relatively constant.  When the logarithm of 2a was plotted
against 1/T, a straight line was obtained. An activation energy could
not be determined because the time dependence of the precipitate
gfowth was unkrown.

Two additional ZO—AC specimens were heat treated for 24 and 288
hours at 400C in order to study the grthh. kinetics of‘ the
precipitates. The dimensions of the precipitates in.these alloys are
given in Table 3.9. During the first 24 hours of aging, the

precipitates grew rapidly. Precipitate growth during the next 72



w Precipitate Dimensions as a Function of Aging Temperature

% Nb Temp 2a (nm) 2b (nm) a/b
20 300 19 + 4 6.1 + .9 3.1 +
20 350 5% 5 11T 2 3.2 F
20 400 78 ¥ 19 30F 4 2.7 %
25 300 13.2 + .7 4.3 4+ .7 3.1 +
25 350 307F 6 9% 2 3.3 %
25 400 47 F 20 16 % 7 3.0 %

W

TABLE 3.8

Temperatures in Celsius
Alloys AC quenched from 1000C to room temperature,
then aged 96 hours

TABLE 3.9
Precipitate Dimensions as a Function of Aging Time
20% Nb

Time 2a (nm) 2b (nm) a/b

AC ~15 "5 -

24 72 + 16 21 +5 3.4 + .5
96 78 + 19 30 + 4 2.7 + 5
288 133 + 40 44 + 12 3.0 + .5

Times in hours
Alloys AC quenched from 1000C to room temperature,
then aged at 400C

111
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hours was very sluggish. Between 96 and 288 hours the precipitate
dimensions increased approximately as tl/z.

Precipitation. of the @ phase was found in the 20 and 25-AC
specimens aged at 400C after 288 hours. In the 20-AC-288/400
specimen, o phase reflections were detected in SAD patterns, while in
the 25-AC-288/400 specimen, a precipitates could be identified at the
grain boundaries. Figure 3.22 is a micrograph from the 25-AC-288/400
specimen. This micrograph shows the coexistence of both o and w
precipitates in this specimen. The u‘precipitates extended into the
matrix only in particular crystallographic directions, behavior
similar to that found at higher temperatures.

Isothermal aging at 450 and 500C resulted in precipitation of the
o phase in specimens of both alloys. Figure 3.23 shows an SAD pattern
and bright field image from the 25-AC-96/450 specimen. The long axes
of the o precipitates in these alloys were found to be parallel to the
<113> and <111>g directions. Due to the complicated SAD patterns (see

Appendix A), the presence of w phase precipitates could not be ruled

out.

3.6.2 Microstructures of the 30 and 35% Nb Specimens

The sequence of precipitation in specimens of the 30 and 35% Nb
alloys was quite different from that in the 20 and 25% Nb specimens.
The precipitates that will be shown do not resemble any shown in the

literature.
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FIGURE 3.22 Bright field image of the 25-AC-288/700 specimen showing
a precipitates at the grain boundary,
w precipitates in the matrix
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FIGURE 3.23 TEM micrographs showing o« phase precipitation
in the 25-AC-96/450 specimen
a) [110] SAD pattern, b) Bright field image
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Heat treating for 96 hours at 300C resulted in faint w phase
reflections in the SAD patterns of specimens of both alloys. The w
precipitates in the 30-AC-96/300 specimen were ~“5nm in length. The
precipitates in the 35-AC-96/300 specimen were of the 'virtual" type.
Additional fine precipitation also was evident in bright field.

Aging at 350C produced precipitates which could be imaged, but
which did not produce any extra reflections in SAD. Figures 3.24a - d
show low and high magnification micrographs from both specimens.
There appear to be two types of precipitate in the 30-AC-96/350
specimen (Figures 3.24a and b). Faint w reflections in the SAD
patterns could be used to form dark field images of the elongated
precipitates which are 30 - 70nm in length. The long axes of these
precipitates are parallel to <111>8. The larger, mnondescript
precipitates are surrounded by strain fields. The appearance of these
precipitates did not change appreciably with tilting.

Micrographs of the 35-AC-96/350 specimen are shown in Figures
3.24c and d. The appearance of the precipitates in these micrographs
is unlike that of those in Figures 3.24a and b. These precipitates
appear to have nucleated parallel to the <001> and <110>B directions.
This directionality of nucleation did not appear to be related to
dislocations which could be imaged by tilting slightly. The structure
in the images of the precipitates was interpreted to be -a single
dislocation encircling each precipitate. This implies that these

precipitates are semi-coherent with the matrix.




116

FIGURE 3.24 TEM micrographs showing precipitates in quenched and aged
specimens of the 30 and 35% Nb alloys
a and b) 30-AC-96/350, ¢ and d) 35-AC-96/350
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Aging specimens of these alloys for 96 hours.at 400C produced
precipitates similar to those shown in Figures 3.24a - d. The
precipitates in both alloys had grown larger at the higher aging
temperature. In the 30-AC-96/400 specimen there-were still centers of
localized strain., From these emanated dislocation loops and what
appeared to be needle-shaped precipitates. These needles lay in the
<111>8 directions. As before, there were no additional reflections in
the SAD patterns, though there were extremely.faint and streaked w
reflections. The precipitates in the 35-AC-96/400 specimen were still
quite small, about lénm in diameter, and appeared to be encircled by
one or two dislocations. There was mno indication of any
directionality of precipitation as in the 35-AC-96/350 alloy.

Specimens of these alloys were aged for 288 hours at 400C also.
The characteristic needles of o precipitation were seen in the
30-AC-288/400 specimen. The SAD pattern of this specimen contained
extremely faint o reflections as well as faint and streaked w spots.
A micrograph of the 35-AC-288/400 alloy is shown in Figure 3.25. The
precipitates in this specimen grew with longer aging. An elongation
of some of the precipitates in the <111> directions is evident while
others appear to be encircled by more than one dislocation. SAD
patterns showed only very weak w reflections in addition to the matrix
spots.

Aging‘a 30-AC specimen for 96 hours at 450C allowed growth of the

o precipitates which resulted in an intensification of the «
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FIGURE 3.25 Bright field image of the 35-AC-288/400 specimen
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reflections in the SAD patterns. Aging at 500C produced still larger
precipitates and very definite a reflections in SAD.

Aging 35-AC specimens at 450 and 500C produced precipitates which
still did not yield extra reflections in SAD. Examples of these
precipitates, from the 35-AC-96/450 and 35-AC-96/500 specimens, are
shown in Figures 3.26a and b, respectively. Increasing the aging
temperature caused a coarsening of the precipitates and a decrease in
their number density. The normals to the traces of the dislocations
surrounding the precipitates in Figure 3.26b are parallel to the
<111>B directions. The dislocation spacing is “7/nm in the <111>B

directions.

3.6.3 Effect of Intermediate Quench Rate

It was shown in section 3.5 that, of the alloys of this
investigation, the microstructure of the 20% Nb alloy was the most
sensitive to quench rate. To determine if the rate of the
intermediate quench affects the aged microstructure of this alloy, a
20% Nb specimen was fast water quenched to room temperature following
recrystallization. This should have produced martensite in this
specimen, though this was not verified. The specimen then was aged
for 100 hours at 400C.

It was found that the 20-FW-100/400 specimen contained w phase

precipitates of approximately the same dimensions as those in the
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FIGURE 3,26 Bright field images of 35% Nb specimens
a) 35-AC-96/450, b) 35-AC-96/500
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20-AC-96/400 specimen. There was no evidence of & phase precipitation

in the 20-FW-100/400 alloy.
3.6.4 Microstructures of the Directly Aged Alloys

Specimens of the 20 to 35% Nb alloys also were aged for 96 hours
at 400 and 500C without an intervening room temperature quench. These
alloys were taken from the 1000C furpace and placed directly into
another furnace. This series of heat treatments was executed to
determine if the presence of an intermediate room temperature quench
affected the microstructures of the aged alloys.

In Figures 3.27a and b are micrographs of the 20~AC-96/400 and
20-96/400 specimens. The effect of the presence of a quench prior to
aging is striking. The inte?mediate quench enabled the w phase to
grow to the exclusion of the a phase, while direct aging produced a
precipitates to the exclusion of w. This effect has not been reported
in the literature. The same effect was observed in the 25% Nb
specimens.

The presence of an intermediate quench had no effect on the
microstructures of the 30 and 35% Nb alloys aged at either 400 or
500cC. An e#ception was that the precipitates in the 35~96/400
specimen appeared to nucleate in specific directions. The
intermediate quench also did not significantly affect the

microstructures of the 20 and 25% Nb alloys aged at 500C.



FIGURE 3.27 TEM micrographs showing the effect of a quench
prior to isothermal aging
a) 20-AC-96/400 (B + w), b) 20-96/400 (B + a)
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As part of the investigation of the stable equilibria, specimens
of all alloys were directly aged at SOOC for 288 and 960 hours. o
precipitates were found in the 35-288/500 specimen., These
precipitates produced reflections in the SAD patterns which could be
used to form dark field images. Precipitates similar to those in the
35-AC~-96/500 specimen were observed in the 40-96/500 and 40-288/500
specimens. The spacing of the dislocations surrounding the
precipitates was 8 - 9nm in the former specimen, “7nm in the latter.
Aging the 50 and 60%Z Nb specimens for 960 hours at 500C produced

precipitates similar to those in the 35-AC-96/400 specimen.
3.6.5 Vicker”s Hardness Numbers

The hardness data for the quenched and aged specimens are given
in Table 3.10. They are plotted as a function of composition and
aging temperature in Figures 3.28 and 3.29, respectively.

The hardness data for the specimens directly aged for 96 houfé at
400C and 500C are given in Table 3.11. These data, as well as the
corresponding data of the quenched and aged specimens, are plotted as

a function of composition in Figure 3.30.
3.6.6 Discussion of the Results

A summary of the microstructures of the specimens which were air

cooled to room temperature and then aged for 96 hours is given in
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TABLE 3.10

Vicker”s Hardness Numbers of the Quenched and Aged Alloys

Temp 20 25 30 35
500 233 212 177 136
450 262 253 215 139
400 383 370 159 134
350 459 413 174 171
300 381 286 230 176

Temperatures in Celsius
Compositions in atZ Nb
100g load —-- Typical Errors: 2%
Alloys AC quenched from 1000C to room temperature,
then aged 96 hours

TABLE 3.11

Vicker “s Hardness Numbers of the Directly Aged Alloys

Temp 20 25 30 35
500 210 173 164 131
400 325 268 172 146

Temperatures. in Celsius
Compositions in at% Nb

100g load —-— Typical Errors: 27
Aging Time: 96 hours
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Table 3.12. Presented in this table are the second phases found in
the specimens as a function of alloy composition and aging
temperature.

Significant isothermal precipitation of the w phase was found in
the 20 and 25-AC specimens aged at 300, 350 and 400C. This is in
agreement with the data of the literature. ® phase precipitates were
not observed in any specimens aged above the metastable w + 8
transformation temperature of pure titanium. ® phase precipitation in
the quenched and aged 20% Nb alloys was found to be inseﬁsitive to the
rate of the intermediate quench.

Very little w phase precipitation appeared to occur in quenched
and aged specimens of the 30% Nb alloy. Precipitates similar in size
to those in the 25-AC specimen were produced in the 30-AC-~96/300
specimen. Aging a 30-AC specimen 96 hours at 350C yielded
precipitates, the long axes of which were twice as long as those in
the 20 and 25-AC specimens aged 96 hours at 350C. In addition, the
density  of precipitation in the 30-AC-96/300 gpecimen was
significantly less than that in the corresponding 20 and 257% Nb
specimens. The 30% Nb alioy contained the highest oxygen content,
382lappm, of any of the alloys used in this investigation (see Table
2.3). It was presented in the revieﬁ of the literature that
interstitial oxygen suppresses the formation of the w® phase and
promotes the growth of «a. Thus, the possibility exiéts that
isothermal ® phase precipitation in this alloy was suppressed;

however, an enhancement of ¢ phase precipitation was not observed.
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TABLE 3.12

Second Phases in the Quenched and Aged Alloys

Temp

500
450
400
350
300

20 25 30 35
a o a ?
a a a ?
w w ? ?
w w ? ?
w w W -

Temperatures in Celsius
Compositions in atZ Nb

Alloys AC quenched from 1000C to room temperature,

then aged 96 hours
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For these reasons, it is wuncertain that isothermal w® phase
precipitates may form in a 30% Nb alloy.

The growth kinetics of w phase precipitation were studied in
specimens of the 207 Nb alloy. The kinetics were difficult to
determine because of the broad distribution of precipitate sizes. The
temperature dependence was found to be in agreement with that
determined by Morniroli and Gantois (MOR73). The time dependence,
however, was unlike that determined by either Mormiroli and Gantois
(MOR73) or Lyon (LYO81).

In order to determine the w growth kinetics, it was mnecessary to
measure the dimensions of the w precipitates. These measurements were
difficult and subject to errors for the following reasons. As shown
in Figure 3.2la, the precipitate/matrix interface was not well defined
at low temperatures. In addition, long exposures, e.g. 45 to 90
seconds, were necessary to record images on film. Building vibrations
made it necessary to work late at night and to limit magnifications to
200,000x in order to obtain usable micrographs under these exposure
conditions.

The presence of an intermediate quench noticably affected the
aged microstructures only in specimens of the 20 and 25% Nb alloys
aged at 400C. 1In these alloys, a room temperature quench before aging
resulted in precipitation of the w phase to the exclusion of the a
phase. Eliminating this quench enabled & precipitates to grow to the
exclusion of w precipitates. This marked effect on microstructure has

not been reported in the literature.
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Varying the rate of the intermediate quench did not affect the
microstructures of quenched and aged 20% Nb specimens. This indicated
that the difference in the quenched and aged and directly aged
microstructures was due to changes which occurred during the reheating
of the specimen following the intermediate quench.

The reason why a quench prior to aging affects the aged
microstructures of the 20 and 25% Nb alloys is uncertain. It may be
argued that the reheating of a specimen results in a lower than
equilibrium vacancy concentration at the aging temperature, while
directly aging the specimen results in a vacancy supersaturation at
the aging temperature. If this were the case, however, the effects
would be very short-lived and would not be expected to produce the
observed results. This phenomenom, therefore, awaits further
investigation.

Precipitation of the a phase was found in several of the quenched
and aged specimens. «a precipitates were found in the 20, 25 and 30-AC
specimens after aging 288 hours at 400C. (It will be reéalled.that a
phase precipitation was present in the directly aged specimens of the
20 and 25% Nb alloys after only 96 hours at 400C.) Aging these
specimens at 450 and 500C produced o precipitates after 96 hours.
Recognizable precipitation of the & phase occurred in specimens of the
35% Nb alloy only after aging 288 hours at 500C. In most of these
specimens, the appearance of a precipitates in bright field images was

not immediately accompanied by the appearance of a reflections in SAD.
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When o reflections were observed in SAD, the Burger”s orientation
relationships were confirmed.

The long axes of the a precipitates were determined to be
parallel to the <113>B directions. When the electron beam passing
through a specimen was parallel to the [110]B direction, the long axes
of the a precipitates were observed to be parallel to the <113> and
<111>B directions. The long axes of the precipitates were parallel to
the <110>B directions when the specimens were in a [111]B orientation.
Using the [110] and [111] cublic stereograms shown in Appendix C, it
was found that the long axes of the precipitates were, in fact,
parallel to the <113>8 directions. For a precipitates obeying the
Burger”s orientation relationships, the <113>B directions are parallel
to the normals of the {1100}a planes. Williams (WIL73) stated that
the long axes of the o precipitates were parallel to the <110>8
directions. This is compatible with the results of the present study
if Williams observed o precipitates only in a [111]8 orientatien.

The microstructures produced by aging the 30 and 35-AC specimens
were unlike any in the published literature. The precipitates did not
give rise to any extra reflections im SAD, though in all of- the
samples very faint and streaked w reflections were observed. No other
information could be determined about the nondescript precipitates in
the aged 30—AC specimens.

It is believed that the precipitates in the aged 35—-AC specimens
are not B~ precipitates for the following reason. The spacing of the

dislocations encircling the precipitates shown in Figures 3.26b is
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approximately.7nm in the <111>B directions. The maximum difference in
B phase lattice parameter in the Ti-Nb system is about 1l.7pm (see
section 4.5.2). For this difference in lattice parameters, the 193rd
{111} plane in the matrix would just match the 192nd {111} plane in a
B precipitate. This implies a dislocation spacing of about 37nm, not
7nm. For the more realistic case of .3pm difference in the lattice
parameters, the dislocation spacing would be about 1200nm.

By the same reasoning, it can be argued that these precipitates
are o nuclei. The fact that prolonged aging at 500C results in
recognizable o precipitates supports this argument. «The {1210}«
planes are parallel to the {111}B planes. The d-spacing of the {111}
planes is almost twice that of the {1210} planes. Thus, every other
{T2TO} plane matches every {111} plane, with the exception that
instead of the 56th {111} plane matching the 112th {IZIO} plane, the
57th matches. This results in a dislocation spacing in the <111)>
directions of about 1llnm, fairly close to the observed 7nm.
Schematics of the matching of the B” and a precipitates with the
matrix are shown in Figure 3.31. If the precipitates in the aged
35-AC specimens are actually o, it is unknown why they remain
relatively small and semi-coherent instead of developing the expected
needle-shaped morphology. It is also unknown why they did not produce
extra reflections in SAD.

The effects of microstructure on the hardness values of the
quenched and aged specimens are demonstrated in Figures 3.28 and 3.29.

Specimens which contain w phase precipitates are significantly harder
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FIGURE 3.31 Schematic of the lattice matching of the B8 matrix with
two precipitates a) @, b) B~



135

than those which contain o precipitates. The larger the precipitates,
though, the lesser the hardening effect. In those alloys in which
increasing the aging time or temperature leads to precipitation of the
o phase, the hardness values decrease accordingly. a precipitation
in the 30-AC-96/450 specimen leads to an increase in hardness. This
shows that a B + a microstructure is harder than a B microstructure,
but not as hard as a B * w microstructure. The precipitates in the
35% Nb alloy had a slight effect on the hardness of that alloy, but
agaiﬁ, as the precipitates coarsen, the hardness of that alloy
decreases.

The hardness values of the qﬁenched and aged and directly aged
specimens are compared in Figure 3.30. The effect of a quench prior
to aging is marked, and previously unmentioned in the literature. As
seen before, a B + w microstructure is much harder than a B + a
microstructure. The differences in the hardness values of the
specimens aged at 500C may be attributed to the sizes of the a

precipitates.

3.7 Summary

The microstructural results of this part of the present study are
summarized in the metastable phase diagram shown in Figure 3.32. As
will be demonstrated in Chapter 4, this entire metastable phase
diagram lies within the o +pg two-phase region of the equilibrium

phase diagram. This point is reinforced by the fact that prolonged
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aging of most of the specimens of this study resulted in precipitation
of the o phase.

A martensitic transformation was found to occur only in specimens
of the 20 and 25%Z Nb alloys, and then only for those which received
the fastest quench to room temperature. Evidence of a martensitic
transformation below room temperature in other specimens could not be
produced.

A definite upper composition limit for the formation of athermal
w phase precipitates was not found in the specimens of this study. It
was shown.that the ® precipitates in the quenched alloys gradually
changed from "real" to "virtual" with increasing niobium content. For
this reason, most Ti-Nb alloys at room temperature are not, in the
strictest sense, single-phase. It was also proposed that the athermal
w phase precipitation process may continue in some alloys when cooled
below room temperature.

The stability limits of the formation of isothermal w
precipitates, on the other hand, are relatively definite, but depend
on aging time and prior thermal history. The limits shown in Figure
3.31 are for quenched alloys aged for 96 hours. It was shown that
increasing the aging time or eliminating the room temperature quench
prior to aging causes the isothermal w field to shrink. Decreasing

the aging time may broaden this field.



138

CHAPTER FOUR

STABLE EQUILIBRIA



139

CHAPTER FOUR

STABLE EQUILIBRIA

4.1 Introduction

In the nine (Ti, Zr, Hf) - (V, Nb, Ta) binary alloy systems,
threé types of equilibrium phase diagrams have been observed. The
phase diagram type correlates well with the difference in atomic
volume of the constituent elements. In the Zr-V and Hf-V sysfems this
difference is > 60% and the phase diagrams are characterized by the
intrusion of an intermetallic compound with a composition of 66.7% V.
The atomic volume difference is between 20 and 307% in the five systems
in which there is a stable B phase miscibility gap. These alloy
systems are monotectoid in nature. In the Ti-Nb and Ti-Ta systems,
the atomic volume difference is only about 2%. On the basis of the
existing data, it appears that these two systems are B-isomorphous.

There are two stable phases in the titanium-niobium alloy system.
They are o, which is hexagonal close-packed (HCP), and 8, which is
body-centered cubic (BCC). Pure titanium is polymorphic, as was shown
in Figure 3.5. Above 882.5C, o-Ti is unstable with respect to B-Ti at
atmospheric pressure. Pure niobium is BCC.

The complete low temperature equilibrium phase diagram has not

been determined experimentally, though several general features have
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been elucidated. Above 882.5C there is complete solubility in the B
phase. Below this, the solubility of niobium in o-Ti is very limited,
the maximum solubility being 1 - 2% Nb. Between these two
single-phase regions is a broad two-phase region in keeping with the
g —isomorphous classification. :

There have been several calculations of the Ti~Nb phase diagram.
Some have been based on thermodynamic data, others on the experimental
phase diagram data. All calculations agree as to the type of phase
diagram, but differ by several hundred degrees as to the positions of
the boundaries.

This part of the present study was begun in an attempt to better
understand the equilibrium phase diagram. Because of the small
diffusion coefficients in this system, it was not expected that
equilibrium would be achieved in the alloys of this study. It was
anticipated, however, that these results could be used to provide
information concerning the kinetics of the B8 phase decomposition and

to confirm the predictions of the phase diagram calculations.

There are two primary factors which affect the positions of the

phase boundaries in the Ti~-Nb alloy system -— these are alloy
composition and interstitial content. Alloy composition has a
two—fold effect. Increasing the niobium content of an alloy heat

treated in the two-phase region decreases the amount of « phase that
will be ©precipitated. In addition, the diffusion coefficient

decreases exponentially with increasing niobium content (see section
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4,2.,4). Thus, increasing the niobium content of an alloy not only
significantly retards the establishment of equilibrium in the alloy,
it also makes it more difficult to observe.

Not studied in the present investigation, but of importance, were
the effects of interstitial contamination. As in the literature of
Chapter 3, few studies have reported the interstitial contents of
their alloys, giving instead the impurities in the starting materials.
Interstitial analyses for the alloys of the present study were given
in section 2.2.

In order to hasten the kinetics of the phase transformations, the
alloys used in past studies had been cold-worked. 1In contrast, the
alloys of the present study were examined in a recrystallized state.
This was done to facilitate the interpretation of TEM results and the
correlation of the results of this chapter with those of Chapter 3.
The four specimens heat treated at 500C for 3696 hours (154 days),
however, had not been recrystallized.

The outline of this chapter is as follows. First, a review o%
the pertinent literature is given. This is followed by a presentation

and discussion of the results of the present investigation.

4,2 The o« and B Phases

As noted earlier, there are two stable phases in the Ti-Nb system

—— o and B. The « phase is the low temperature, low pressure phase of
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pure titanium (see Figure 3.5). In Ti-Nb alloys, there is very
limited solubility of niobium in «-Ti, the maximum solubility being 1
~ 2% Nb (HANS51, IMG6l, RON70).

Abovev882.5C, all alloys are in the single—phase B region of the
phase diagram.  Quenching from this phase field preserves the 8 phase
structure in alloys with composiﬁions greater than ~25% Nb., Thus, any
precipitation that occurs in this alloy system does so in a BCC

matrix.

4.,2.1 The o Phase Crystal Structure and Orientation Relationships

The lattice parameters of pure o~Ti are given in Table 4.1,
These do mnot vary appreciably upon alloying with niobium (JEP70,
MOR73).

The effects of interstitials on the «¢-Ti lattice parameters are
given in Table 4.2. It can be seen that the ¢ parameter is more
sensitive to impurities than the a parameter.

In Ti-Nb alloys, the o phase precipitates from the B phase matrix
during isothermal aging. The resultant precipitates follow the
BCC/HCP Burger”s orientation relationships which are:

(0001) o || (O11) 8

<1120> o || <111> 8
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TABLE 4.1
Lattice Parameters of ao-Ti

a (nm) ¢ (nm) c/a Ref

+29504 .46833 1.5873 PEA58
«29506 4686 1.5882 RUD69
«29479 46832 1.5887 FRO76

TABLE 4,2

Effect of Interstitials on the a~Ti Lattice Parameters
(from FRO76)

Element Aa AC
C .0003 .0013
N - .0007
0 .00009 .0004
H 011 .06

All values in nm/at?%
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4,2,2 o Precipitate Morphology

In titanium-based alloys in which the a phase precipitates
directly from the BCC matrix, two morpholqgies of o precipitates have
been observed (WIL73). (a precipitate morphology has not been studied
in the Ti-Nb system.) The first is a Widmanstdtten type which forms
as plates or needles, the long axes of which are parallel to {110}8.
Precipitates which form in this manner obey the Burger”s orientation
relationships.

The second type of precipitate morphology is that of aggregates
of very small o precipitates (WIL73). These precipitates form either
rafts of nondescript size and shape, or long, lenticular regions. An
increase in the amount of precipitation occurs by growth of the
aggregate regions, the individual precipitates remaining constant in
size. This type of precipitation does not appear to obey the Burger”s
relationships. This precipitate morphology was found in alloys with a

high concentration of the B stabilizing element.

4,2.,3 The B Phase Lattice Parameters

Pure niobium, and all Ti-Nb alloys above 882.5C possess the B
phase, BCC structure. The lattice parameter for pure niobium is given
in Table 4.3. The effects of interstitial impurities on this value

are given in Table 4.4.
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TABLE 4.3
Lattice Parameter of B-Nb

a (nm) Ref

.3301 HANS51
+33007 PEAS8
+3303 HIC69a
«33065- RUD69
.32998 FRO76

TABLE 4.4

Effect of Interstitials on the B-Nb Lattice Parameter

Element Aa
C .00044
N ,0005
0 .00041
H .00023

All values in nm/at?
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The B phase lattice parameter decreases with decreasing niobium
content, but only very slightly. The lattice parameter of B8 phése
Ti-Nb alloys has been measured by Hansen, et al. (HAN51), Hickman
(HIC69a), and Rudy, et al. (RUD69). The data are shown in Figure 4.1.

The alloys x-rayed by Hansen, et al. (HANS51) were the same ones
used in their determination of the phase diagram (see section 4.3).
The alloys x-rayed, however, received additional homogenization heat
treatments. Powders from these alloys were sealed in titanium
capsules and annealed for one hour at 860C. They were x-rayed with Cu
radiation in a Debye—-Scherrer camera. In several films there wefe low
angle lines not belonging to the BCC structure which could not be
identified. In their graph of the lattice parameters, it was stated
that the units of measure were angstroms, though according to Pearson
(PEA58), they were actually kX. Therefore, the data of Hansen, et al.
have been multiplied by 1.002063 to convert them for plotting in
Figure 4.1.

. Rudy, et al. (RUD9) published no details regarding their x-ray
technique, but‘it is known that their niobium powder was produced by
first hydriding pure niobium, powdering the hydride, and then
dehydriding the powder. This may explain their rather large lattice
parameter value for pure niobium.

Hickman (HIC69a) used the Bond technique (BON60) to determine the
B phase lattice parameters. The x-ray specimens were strips cut from
l.6mm sheet which were annealed between 1200 and 1300C in an

ultra-high vacuum for several hours, and then quenched with He gas.
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The Bond technique requires that the position of just one high angle
reflection from a single—crystal specimen be measured on both sides of
the primary x-ray beam. (This is in contrast to the more common
method of measuring several reflections from a powder specimen and
extrapolating to 8 = 90° to find a.) This technique can have a
precision of +.00lpm (BON60), although Hickman stated an error of
+.02pm.

Table 4.4 shows that interstitial contamination results in an
incréase in the lattice parameter of pure niobium. Similar effects
would be expected in B phase Ti-Nb alloys. Because of-the very high
temperature heat treatments given the spécimens of Hickman, it is
quite possible that they became contaminated. This could account for
the differences in the lattice parameter values of Hickman and Hansen,
et al. for alloys with more than 30% Nb.

The data of Hansen, et al. (HAN51l) show a minimum in the lattice
parameter at 34.6% Nb. Below 40% Nb, the data of Rudy, et al. (RUD69)
show little variation with alloy composition. It is not known if
these results were real, i.e. the two phase field had been entered, or

just artifacts of specimen preparation or alloy fabrication.
4.2.4 Diffusion in the o and B Phases
Since a p;ecipitates form in a B matrix, their nucleation and

growth kinetics will be dependent upon diffusion in the B phase. 1In

an alloy, the diffusion coefficient of interest is the interdiffusion
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coefficient. This diffusion coefficient was measured by Roux and
Vignes (ROU70) using Ti/Nb and Ti-Nb/Nb diffusion couples. The data
were analyzed according to the Matano method. Their data showed that
the interdiffusion coefficient at any temperature decreased
exponentially with increasing niobium content. Unfortunately, there
were not enough data to derive an empirical expression for the
interdiffusion coefficient as a function of composition and
temperature.

There have been several studies of 95Nb tracer diffusion in pure
titanium (GIB63, ASK65, PON79), pure niobium (RES60, PEA62a, LUN65,
MEH71, ABL77, EIN78) and in several Ti-Nb alloys (PEA62, GIB63,
PON79). Careful measurements and analyses have shown that diffusion
in B8-Ti (GIB63, ASK65) and in pure niobium (MEH71, EIN78) is
anomalous. Instead of being described by:

D = D0 exp (-Q/RT)
diffusion in the BCC refractory metals is better described by:
D = D, exp(-Q,/RT) + D, exp(—Qz/RT)

There are several theories about and discussions of this anomalous
diffusion behavior in the literature. While they may be of interest,
they are not germane to this thesis. With the exceﬁtions noted above,
tracer diffusion in the Ti-Nb system has been analyzed in the
literature according to the traditional Arrhenius model.

The data for 95Nb tracer diffusion are shown in Figures 4.2a and
b. For the purposes of this study, these data have, been fit with the

straight lines shown in these figures. The data of RES60, PEA62,
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PEA62a, GIB63, LUN65, ABL77, and PON79 were used in the calculations
of these lines. The data fitted with the double exponential, and
three other data points (0% Nb (GIB63), and 20 and 367% Nb (PON79))
were not included in these calculations. The diffusion coefficients
thus determined were:

D = D0 exp(-Q/RT)

D = 5.5783x107" exp(8.209x) .cm’/sec

Q = 31,463 + 65,674x cal/mole
where x is the atomic fraction of niobium in an alloy.

There have been a few studies of titanium diffusion in the Ti-Nb
system. These data are complled in Table 4.5. The data not only show
the same composition dependence as does the 95Nb tracer data, they
also are close in value to the Nb tracer data.

When the components of the diffusion coefficients given above
were used té calculate diffusion coefficients in alloys, the results
usually were less than a factor of 3 different from the interdiffusion
coefficients measured by Roux and Vignes (ROU70). (The calculated
diffusion coefficients were always lower than those measured.) This
good agreement must be due to the similarities in the diffusion
coefficients of both niobium and titanium in this system.

In Figure 4.3 are plotted values of the calculated diffusion
coefficient as a function of temperature and composition. This figure
illustrates the dramatic drop in diffusivit? as the niobium content of
an alloy is increased. For example, at 500C, the diffusion

coefficients of 20 and 70% Nb alloys differ by about 8 orders of
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5.4
19.6
35.7
100
100

TABLE 4.5

Titanium Diffusion in Ti-Nb Alloys

Do

Do Q
.000454 31,300
.0019 36,500
.00127 35,610
.00315 41,960

.251 59,020

.1 86,930

A 88,500

in cmz/sec, Q in cal/mole

Ref

PON79
WAL68
PON79
PON79
PON79
PEL70
ROU70
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magnitude. This implies that if it were possible to reach equilibrium
in the 20% Nb alloy in 3 seconds at 500C, the 70% Nb alloy would be
reaching equilibrium in about 10 years.

The self-diffusion coefficient of titanium in the vicinity of the
o + B transformation was studied by Libanati and Dyment (LIB63) and
Walsoe de Reca and Libanati (WAL68). It was found that the diffusion
coefficient fell ~2.5 orders of magnitude upon the transformation of
g-Ti to a. The self~diffusion coefficient in o-Ti was measured to be
(LIB63):

D = 6.4x1070 exp(-29300/RT)  cm®/sec
Since niobium is not very soluble in o-Ti, it would be expected that
diffusion in an o precipitate would be similar to that in «-Ti.

The composition of an alloy for which the diffusion coefficients
for the o and B phases are equal can be computed using the above
equations. A plot of these compositions is shown in Figure 4.4. For
alloys to the left of this line diffusion in the B phase is faster

than in the o phase. The opposite is true to the right of this line.

4.3 Metallurgical Investigations of the Phase Diagram

The data for the o/f phase boundaries are shown in Figure 4.5.
The data of Brown, et al. (BRO64, BRO66) are for the B transus, but
lie below the other data for reasons to be discussed later. The a

transus is susceptible to scatter because of the low solubility of
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niobium in a=Ti. In the following review, all alloys were arc melted
with a non-consumable tungsten electrode.

Hansen, et al. (HAN51) used iodide titanium sheet (15-800 appm O
and N) and niobium powder compacts as the raw materials for the alloys
used in their phase diagram‘determination. Ingots of 5 to 30g were
melted and inverted at least three times. It is not clear that the
ingots were  homogenized after melting. The ingots were
cold-compressed and col&—rolled approximately 70%Z. At this point, the
alloys used to determine the B transus at 700C and below were sealed
in titanium capsules and homogenized for 20-~40 hours at 1250C. The
alloys used to determine the o transus, and the B transus above 700C
were not homogenized prior to the final heat treatment. The final
heat treatments were performed in evacuated Vycor capsules. Heat
treatment times ranged from 135 hours at 828C to 648 hours at 600C,
The alloys were examined under a light microscope to determine their
microstructures.

Hansen, et al. report that above 750C the B8 transus could be
determined with certainty. All the alloys annealed at 700, 649 and
600C, however, showed small amounts of precipitation. This was
attributed to residual coring, even though these alloys had been
homogenized prior to their final heat treatments. No alloys were heat
treated below 600C as it was thought that equilibrium was practicably
impossible to achieve.

In the study of Imgram, et al. (IMG6l), alloys were made of

electrolytically refined titanium granules (325 appm O, 170 appm N,
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3770 appm H) and electron-beam melted niobium rod. The 250g ingots
were inverted and melted twice. The ingots were hot-forged in air, at
925-980C, into *19mm diameter rods. The scale formed at this step was
removed by sand blasting. The rods were then vacuum annealed for 6
" hours at 980C to lower the hydrogen content. Following this anneal,
the rods were hot-swaged, at 600 to 700C, to a diameter of 6.4mm and
descaled again. The as-swaged chemical analyses were 690-1590 appm O
and 625-1045 appm H. No times were given for the final heat
treatments which were carried out in Vycor capsules filled with argon.
The alloys were examined under a light microscope.

Ronami, et al. (RON70) used a diffusion layer method coupled with
x-ray microanalysis to determine the phase boundaries. Iodide
titanium, pure niosium and a 37.7% Nb alloy were used in this study.
Discs cut from the pure metal and alloy rods were welded together
under pressure, forming an o/B diffusion couple of Ti/Nb, or Ti/37.7%
Nb. The diffusion couples were vacuum annealed at 800C (500 hours),
700C (600 hours) and 650C (900 hours). The diffusion layers were
analyzed with an electron probe microanalyzer with an estimated
accuracy of 1 wtZ. The o solid solution layer was narrow, making it
difficult to determine the maximum niobium concentration in o-Ti to
this accuracy.

The last study of the o/B phase boundaries to be presented 1is
that of Brown, et al. (BRO64, BRO66). The resistance as a function of
temperature was used to determine the B transus. High purity titanium

sponge and high purity niobium sheets were used as the starting
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materials. Ingots of 25g were melted three times, and then
homogenized fo; 24 hours at 1000C. The ingots then were hot-forged
into 2mm thick plates; prior to forging they were‘heated in an argon
atmosphere, rather than in air, in o;der to minimize contamination.
Measurements of hardness as a function of distance from the surface
showed that thg contamination from air was 1imited to a layer .2mm
thick. Accordingly, a layer this thick was removed from the surface
of the alloys following any high temperature exposure to air. The
resistance measurements were made, undgr Vacuum, at discrete
temperatures. The temperature intervals were 25C or less. The time
allowed for equilibration at each temperature was not given.

To confirm their results, Brown, et al. (BR066), performed a
light metallography study. The samples for this study were O.5mm
thick and were heat treated in vacuum. They were first heated for 15
minutes at 800C, then slowly cooled to 25C above or below the 8
transus determined by the resistance method and held there for 30
minutes to 5 hours. The samples aged 25C above the B transus showed
some precipitation at the grain boundaries, though significantly less
than those aged 25C below the boundary. The amount of the second
phase remained constant as the aging temperature was raised to 150 to
200C above the B transus; above this, no precipitation was observed.
This second phase was attributed to impurities, notably nitrogen.

The data for the B transus of Hansen, et al. (HAN51), Imgram, et

al. (IMG6l) and Ronami, et al. (ROM70) are in fairly good agreement
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with each other. Decreasing diffusivity would appear to be the cause
of the uncertainty below 700C in the data of Hansen, et al.

The small diffusion coefficients in this alloy system would
appear to be the reason that the data of Brown, et al. (BRO64, BRO66)
fall so far below those of the others. The heat treatments of the
other investigations were several hundred hours long. It may be
assumed that Brown, et al. did not wait this long at each temperature.
Their resistance data show that increasing the niobium content of a
specimen results in a smaller increase in resistance when the phase
boundary is crossed. " This indicates that the amount of o phase
precipitated decreases with increasing niobium content. This effect
may be attributed to the effects of diffusion. Thus, the data of
Brown, et al. may be assumed to be non—equilibrium in nature.

That the B8 transus determined by Brown, et al. 1is below the
actual transus is reinforced by the fact that when their specimens
were aged 150 to 200C above their B transus, precipitation resulted.
Aging at even higher temperatures, however, did not produce any
precipitation. Refering to Figure 4.5, it is found that these results

are in agreement with the other B transus determinations.
4.3.1 Effect of Interstitials
Khaled, et al. (KHA8l) have shown theoretically that carbon,

nitrogen and oxygen in solution lower the free energy of the o phase

relative to the B8 phase,. The predicted effect of this on the B8
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transus is shown in Figure 4.6. This effect was demonstrated
experimentally by Hansen, et al. (HAN51) in the Ti-Mo system. Alloys
were prepared using titaniqm of two different purities. The low
purity titanium contained 793 appm C, 238 appm N, 4165 appm O and 2833
appm H (analyses were not .given for the higher purity, iodide
titanium)., The S‘transqs determ%ned with the low purity alloys was
about 20C higher than that determined with the high purity alloys.
Examination of the Ti-H phase diagram (HAN58) shows that hydrogen
in solution stabilizes the 8 phase over the ¢ phase. This would
result in a lowering of the B8 transus. The Nb-H phase diagram (SHU69)
shows that sufficient hydrogen in solution can lead to a BCC

miscibility gap.

4.4 Phase Diagram Calculations

There have been two calculations of note of the Ti-Nb phase
diagram. Regular—-solution calculations were made by KXaufman and
Bernstein (KAU70) and_ﬁurray (MUR81, MUR84). (The equations of the
regular solution model are given in Appendix D.) The results of these
calculations are shown in Figure 4.7 together with the experimental
data for the phase boundaries. Figure 4.8 shows both calculations of
the entire low temperature phase diagram. The lattice stability
parameters used in these calculations are given in Table 4.6, the

interaction parameters, in Table 4.7.
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TABLE 4.6

Lattice Stability Parameters
(from KAU70)

Bra _
AGNb 1500 + .8T

B+a
AGTi
B+rw
A
Gy
a-+w
AGTi

AG”s in cal/mole

-1050 + .91T

360 + .08T

TABLE 4.7

Regular Solution Interaction Parameters

Phase KAU70 - MURS81 MUR84
a 3125 598 2438
B 3125 -1127 1243

In cal/molé
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The calculations of Kaufman and Bernstein (KAU70) were part of a
phase diagram calculation tour-de-force. In general, the regular
solution parameters were determined from existing experimental data.
When there were no data, the parameters were estimated. For the Ti-Nb
system, the lattice stability parameters for titanium were determined
from the P-T phase diagram of pure titanium. The lattice stability
parameter for niobium was estimated on the basis of the behavior of
neighboring elements. The interaction parameters were derived
essentially from "first principles." It is important to note that
none of the parameters used by Kaufman and Bernstein were determined
from the‘ existing Ti-Nb phase diagram data. Nonetheless, their
calculations agree well with the data of Hansen, et al. (HAN51),
Imgram, et al. (IMG6l) and Ronami, et al. (RON70).

The calculations of Murray (MUR81, MUR84) were part of the
ASM/NBS phase diagram project. The lattice stability parameters of
Kaufman and Bernstein were wused in these calculations, though
different sets of interaction parameters were used. Initially
(MUR81), the interaction parameters were chosen so that the
calculations fit the data of Brown, et al. (BRO64, BR0O66). The
resultant mnegative B phase interaction parameter was acknowledged
(MUR81) as being physically unreasonable in this system. A later
modification (MUR84) placed the B transus between the experimental
data.

All of the Ti-Nb phase diagram calculations agree as to the type

of phase diagram, i.e. B-isomorphous. The calculations of the B
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transus, however, differ by several hundred degrees. This discrepancy

indicates that more experimental data are needed.
4.5 Results of the Present Investigation

Phase transformations in the vicinity of the B transus were
studied using the alloys and aging temperatures shown schematically in
Figure 4.9. Specimens were recrystallized at 1000C and then directly
aged for 96, 288 and 960 hours (4, 12 and 40 days respectively). For
comparison, Hansen, et al. (HAN51) aged their specimens 300 hours at
700C, 648 hours at 600C. Ronami, et al. (RON70) used aging times of
600 hours at 700C, 900 hours at 650C. Also shown in this figure are
the phase diagram calculations of Kaufman and Bernstein (KAU70) and
Murray (MUR84).

The precipitation of the o phase was investigated primarily with
light metallography. In some specimens TEM was necessary to determine
if a phase transformation had taken place. TEM was used also to
identify the precipitates observed with LM and to determine their
orientation relationships with the matrix. XRD measurements were
performed to verify the composition dependence of the B phase lattice
parameter,

Before presenting the results of this investigation, it should be
noted that there is a fundamental difficulty in determining the 8
transus in this alloy system. To illustrate this, the diffusion data

of Figures 4.3 and 4.4 have been superimposed on the phase diagram
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FIGURE 4.9 Alloys’and aging temperatures used in the present study
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calculations of Figure 4.8 in Figure 4.10. To effect the highest
possible diffusivity in a given alloy, it is necessary to age it at a
temperature very near the B8 transus. If . equilibrium could be
achieved, a low & phase volume fraction would be the result.
Increasing the niobium content of an alloy aged at a given temperature
decreases the volume fraction of o precipitated not only because the
alloy is closer to the B transus, but also because the precipitation
kinetics are reduced due to the compositional dependence of the
diffusivity. In addition, it should be noted that aging high niobium
alloys well within the two-phase region may not result in
precipitation because of the small diffusion coefficients. For these
reasons, it d1s extremely difficult to make an experimental

determination of the B transus.
4.5.1 Microstructures Near the B Transus

An example of the nature of the prgcipitation observed is shown
in Figure 4.11. This is a light micrograph of a 30% Nb specimen aged
for 960 hours at 500C. This micrograph shows two B phase grains, the
intervening grain boundary, and dense o phase precipitation. The
1000C recrystallization heat treatment appeared to effect complete
recovery in the upper grain, while lattice defects were still present
in the lower grain.

A needle-shaped o precipitate morphology was observed in all

specimens. The & precipitates never assumed an equiaxed morphology.
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FIGURE 4.11 Light micrograph of the 30-960/500 specimen
showing o phase precipitation
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The aspect ratio of the needles decreased as the diffusion coefficient
was decreased, either by increasing the niobium content of an alloy,
or by aging it at a lower temperature. In those specimens in which
the individual precipitates were too small to be resolved with LM, TEM
. demonstrated that they were still needle-shaped.

The o needles were found to be aligned with specific directions
in the B matrix. This is quite noticeable at the boundaries shown in
Figure 4.11. TEM showed that the long axes of the needles were
parallel to the <113>B directions, not the <110)> directions as noted
by Williams (WIL73) (see section 3.6.6). The o precipitates obeyed
the Burger”s orientation relationships.

Figure 4.11 shows that heterogeneous nucleation sites are
preferred for o phase precipitation. In addition, the precipitates
-which nucleated at the grain and sub-grain boundaries are larger and
their density lower than those which ©precipitated in the
recrystallized B grains.

The effect of aging time on o phase precipitation is shown in
Figures 4.12a and b. These are micrographs of the 25-96/600 and
25-960/600 specimens, respectively. With continued aging, the size
and volume fraction of the precipitates increases, both in the matrix
and at the grain boundaries. This effect was observed in the other
specimens aged at 600C as well. A slight exception was the 20% Nb
specimens aged at 600C in which the individual precipitates had
coarsened wigh increased aging, but, due to the dense precipitationm,

it could not be determined that the precipitate volume fraction had
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FIGURE 4.12 Light micrographs showing the effect of aging time
on precipitation in 25% Nb specimens
a) 25-96/600, b) 25-960/600
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increased. A change in precipitate volume fraction was difficult to
observe in specimens aged at lower temperatures for the same reason.

The effect of aging temperature is shown in Figures 4.13a and b.
These are micrographs of the 35-960/500 and 35-960/600 specimens,
respectively. Increasing the aging temperature results in increased
diffusivity, but also brings the specimen closer to the B transus.
The net effect is a marked decrease in the precipitate volume fraction
concomitant with an increase in the size of the individual
precipitates. This effect was observed in the other alloys as well.

Increasing the niobium content of an alloy has a two-fold effect
as discussed at the beginning of this section. These effects are
shown in Figures 4.14 a — e for specimens aged 960 hours at 600C.

The effect of decreasing diffusivity with increasing niobium
content was demonstrated in the alloys aged at 500C as well.
According to the phase diagram calculation of Kaufman and Bernstein
(KAU70), all alloys of the present investigation were well within the
two-phase region at this temperature, thus eliminating complications
due to approaching the B transus. Using LM, the decrease -in the
precipitate volume fraction with increasing niobium content was
evident in alloys with compositions up to 407 Nb after aging 960
hours. TEM had to be used to observe the extremely small o
precipitate nuclei in the 50-960/500 specimen.

It is well known that diffusion along dislocations and grain
boundaries is more rapid than in the bulk. It has been shown also

that heterogeneous nucleation sites are preferred for a phase



FIGURE 4.13 Light micrographs showing the effect of aging temperature
on precipitation in 35% Nb specimens
a) 35-960/500, b) 35-960/600
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FIGURE 4.14 Light micrograph showing the effect of alloy composition
on precipitation e) 40-960/600
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precipitation. The alloy rods of this investigation had been swaged
to 3mm, introducing a true strain of 2. To determine if this slight
amount of cold-work would enhance the nucleation and growth of «
precipitates, specimens of the 50, 60 and 70% Nb alloys were aged for
3696 hours (154 days, .42 years) at 500C without the 1000C
recrystallization anneal. No o phase precipitation was observed in
these specimens, though some recovery was evident.

Aging at 700C produced small precipitates, which were visible
with LM, in the 20 - 407 Nb alloys. The precipitation was confined
primarily to the grain boundaries, though there were some matrix
precipitates. The extent of precipitation was not greatly affected by
aging time. Examples of this are shown in Figures 4.15a and b. These
are micrographs of the 25-288/700 and 30-288/700 specimens. The
effect of the fast water quench following aging can be seen in ghe 25%
Nb specimen. The B8 phase in both the 20 and 257 Nb. specimens
transformed to martensite during the quench from 700C, though the

transformation was not uniform in the 25% Nb specimen.
4,5.2 X-Ray Diffraction Results

The XRD specimen preparation technique was discussed in section
2.7. Alloys that had been aged for 288 hours were powdered and then:
annealed at the aging temperature. The time of the post-filing anneal
was 24 hours for alloys.aged at 500 and 600C, 3 hours for those aged

at 700C.
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FIGURE 4.15 Light micrographs showing precipitation after
aging at 700C a) 25-288/700, ©b) 30-288/700
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The titanium and niobium used in the fabrication of the alloys of
this investigation were filed, annealed and x-rayed also. The niobium
powder was annealed for 10 minutes at 800C, the titanium powder, 24
hours at 600C. The lattice parameter of the niobium was .33003 +
.00001lnm. The titanium diffraction pattern did not contain sharp high
angle lines, making a precise determination of its lattice parameters
difficult. The parameters that were determined were: a = .2956nm, c/a
= 1.5953.

‘a phase reflections were found in the diffraction patterns of the
20 - 40% Nb specimens aged at all three temperatures. Though the
diffraction lines were always diffuse, their presence was unambiguous.
The dintensity of the o pattern decreased with increasing niobium
content. No o lines were observed in the patterns of the 50 - 70% Nb
specimens.

An additional diffraction line was seén in the 20 - 40% Nb
specimens aged at 600C. This line had a d-spacing slightly smaller
than that of the (10l)a line and did not match the d-spacings of any
of the reported oxides, nitrides or carbides.

The B phase lattice parameters measured in the present
investigation are given in Table 4.8. These data are plotted as a
function of composition in Figure 4.16.

As in the data of Hansen, et al. (HAN51), there is a minimum in
the lattice parameter at about 30% Nb. To determine if this minimum

was real or just due to kinetic limitations, powders of the 20 and 307%
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TABLE 4.8
B Phase Lattice Parameters

288/700

% Nb a (nm)
20 .32821 + .00002
25 .32832 + .00002
30 32829 + .00006
35 32843 + .00002
40 .32846 + .00002
50 -

60 .32880 + .00003
70 32909 + .00002 -

288/600

% Nb a (om)
20 .32827 + .00001
25 .32828 * .00004
30 .32823 + .00002
35 .32836 + .00003
40 .32843 + .00004
50 .32856 + .00003
60 .32879 + .00002
70 .32915 ¥ .00002

288/500

% Nb a (nm)
20 .32838 + .00005
25 .32834 ¥ .00002
30 .32831 + .00002
35 .32834 ¥ .00003
40 .32842 + .00004
50 .32854 + .00007
60 .32878 + .00009

70
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FIGURE 4,16 B8 phase lattice parameters measured in this study

I

1

A 288/700
< 288/600

O 288/500

(data given in Table 4.8)

70

ATOMIC PERCENT

80

Nb

a0

184



Effect of Aging Time on the B Phase Lattice Parameters

Z N

20

30

20

30

T (C)

TABLE 4.9

t (h)

500

500

600

600

96
288
960

96
288
960

96
288
960

96
288
960

a (nm)
.32833 + .00004
.32838 ¥ .00005
.32834 ¥ .00002
.32837 + .00005
.32831 ¥ .00002
.32830 ¥ .00005
.32823 + .00003
.32827 ¥ .00001
.32828 ¥ .00002
.32834 + .00003
.32823 ¥ .00002
.32829 ¥ .00001

185
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Nb alloys aged for 96 and 960 hours at 500 and 600C were x-rayed. The

results from these specimens are given in Table 4.9.
4,6 Discussion of the Results

The micrographs of Figures 4.12 - 4,15 indicate that equilibrium
is very difficult to establish in this alloy system. It was noted in
section 4.5.1 that the 207 Nb specimens aged at 600C may have had a
constant o phase volume fraction. If it is assumed that this alloy
reaches equilibrium after 960 hours, the time required to reach
equilibrium in the other alloys can be estimated using the diffusion
data of section 4.2.4. These estimates are given in Table 4.10.
(Note that the aging times-are in years (365 days -~ no leap years).)
These show quite clearly the impossibility of achieving equilibrium in
the high niobium alloys. This was confirmed in the specimens aged for
.42 years at 500C.

The specimens aged at 600C appeared to be in the two—phase
region. With the exception of the 30% Nb specimen, the volume
fraction of o precipitation decreased with increasing niobium content
in accordance with the effects discussed in section 4.5. It will be
recalled that the 30% Nb alloy had the highest oxygen content of any
of the alloys and that interstitial oxygen stabilizes the a phase.
For these reasons, it is believed that the high volume fraction of a
precipitation observed in this alloy may have been due to interstitial

oxygen.
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TABLE 4.10

Estimated Times to Reach Equilibrium at 600C
Based on 20~960/600

% Nb t (yrs)
20 .1
25 .5
30 2.1
35 9.4
40 41

50 800
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Aging at 700C produced very small precipitates with a very low
volume fraction. As in the 30-960/600 speciﬁen, the precipitate
volume fraction im the 30-288/700 specimen was greater than in the
other specimens. It is believed for all specimens aged at 700C, that
interstitial dimpurities were the cause of the observed precipitation
and that alloys aged at this temperature should be single-phase.

With this interpretation, the results of the present study are in
good agreement with'those:of ﬁansen, et al. (HAN51), Imgram, et al.
(IMG61) and Romami, et al. (RON70). The present study has
demonstrated that substantial aging times are required to establish
equilibrium in this alloy system, corroborating the assumption that
kinetic limitations affected the B transus determination of Brown, et
al. (BRO64, BRO66). The results of the present study also show that
the calculation of Murray (MUR84) does not represent the actual phase
diagrame.

On the basis of the present data, a new phase diagram may be
calculated. This is shown in Figure 4.17. The lattice stability
parameters of Kaufman and Bernétein (KAU70) were used in these
calculations. The o phase interaction parameter used was 3050
cal/mole; the B phase inte;action parameter was 3500 cal/mole. The B
transus of this calculation is in good agreement with the experimental
data. This calculation also predicts a small, but stable B phase
miscibility gap.

The calculation of the « transus, however, is not in agreement

with the data of that boundary. The fit of the calculation to the
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data could be improved by increasing the o phase interaction
parameter; however, doing so would necessitate increasing the B phase
interaction parameter in order to maintain the fit of the B transus.
This would result in an even larger stable B phase miscibility gap.
This phase diagram calculation indicates that yet more data are
required.

The B phase lattice parameter of alloys with compositions between.
50 and 100% Nb was found to vary linearly with niobium content. A
least squares fit of the data yielded:

a = ,32702 + .00003x nm

where x is the atomic fraction of niobium. In this range of
compositions, Hansen”s data (HAN51) fall ~.15pm below those of the
present study. This difference may be due to different impurity
contents of the alloys or powders. The data of Hickman (HIC69a) and
Rudy, et al. (RUD69) are ~.3pm above those of the present study in the
same composition range, most likely for the same reason.

" Below 40% Nb there was little variation of the lattice parameter
with alloy compésition. This is indicative of aging in a two-phase
field, which was reinforced by the presence of o reflections in the
diffraction patterns. The lattice parameter of the specimens aged at
700C, however, also showed little variation with alloy composition,
even though these specimens should have been aged in a single-phase
region. It would not be expected that the slight precipitation caused
by the impurities in these specimens would have affected the lattice

parameter, leaving the cause of this effect still uncertain.
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The data of Table 4.9 demonstrate two points. First, the minimum
in the lattice parameter observed at 30% Nb appears to be a real
effect. Within the precision of the Debye-Scherrer technique, the
lattice parameters of the aged 20 and 30% Nb specimens were unaffected
by increasing the aging time. A monotonic lattice parameter increase
would have been expected in the event of niobium enrichment of the
matrix due to o phase precipitgtion. The time estimates of Table 4.10
indicate, however, that aging for 960 hours may have been insufficient
to pfoduce the expected changes.

The second poiét illustrated by the data of Table 4.9 is the
difference between precision and accuracy. The errors quoted in
Tables 4.8 and 4.9 are those arising from the Nelson-Riley
extrapolation. The lattice parameter differences observed in this
study were very close to the lattice parameter variations measured by
Hickman (HIC69a) in his attempt to determine the composition of the
isothermal w phase (see section 3.3.4). While Hickman believed the
observed variations were real because of the precision of the x-ray
technique used, the results of this study indicate that they were
probably due to variations in specimen preparation. In addition, the
lattice parameters measured by Hickman for the high niobium alloys are
much higher than those of Hansen, et al. (HANS51) and of the present

study. Again, these data show that precision does not imply accuracy.
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4.7 Summary

This investigation of the B transus has demonstrated several
points to which the literature has alluded. The first is that
equilibrium in this alloy system is practicably impossible to achieve
due to the -exponential drop of the diffusion coefficient with
increasing niobium content. At low aging temperatures, the
compositional dependence of diffusivity creates a kinetically limited
B transus, instead of the desired thermodynamic transus, At high
aging temperatures, the diffusivity effect is combined with the effect
of aging near the B transus, resulting in a broad, uncertain boundary,
instead of a sharp one. These two effects are further compounded by
the effects of interstitials.

Despite these difficulties, the results of the present study
corroborate the data of Hansen, et al. (HAN51), Imgram, et al. (IMG61)
and Ronmami, et al. (RON70). These results show that the data of
Brown, et al. (BRO64, BRO66) were affected by kinetic difficulties and
that phase diagram calculations based on them are not representative
of the true nature of the phase diagram. A new phase diagram has been
calculated which is in good agreement with the experimental B transus.

Measurements of the B phase lattice parameter confirm its
dependence on alloy composition. The lattice parameter decreases
linearly with decreasing niobium content between 100 and 50% Nb. For
alloys with niobium compositions less than 50%, there is little

variation with composition, regardless of heat treatment temperature.
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CHAPTER FIVE

FUTURE WORK and FINAL SUMMARY

The results of the present study have shown that there are
several aspects of the phase transformations in Ti-Nb alloys that are
deserving of further investigation. Most of these are concerned with
the metastable equilibria. What follows is a discussion of a few of
the more interesting prospects.

It has been shown repeatedly that decreasing the niobium content
of an alloy increases the variability of its microstructure. The
lowest niobium content of the alloys of the present study was 20%. It
would be interesting to repeat the quenching, and quenching and aging
experiments on alloys of 10 and 15% Nb.

The effects of microstructure on resistivity were demonstrated in
this study. The results of this study, however, aid not really permit
the separation -of the effects on resistivity due solely to composition
from those due solely to w phase precipitation. The results were
correlated with- the change of w phase precipitation from '"virtual" to
"real", but this includes a compositional effect as well. In order to
separate the two effects, it is necessary to produce Ti~-Nb alloys

which are truly single-phase.
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A measurement of the resistivity of g-Ti at room temperature and
below also would be of value in determining the compositional
dependence of p. Extrapolation of the resistivity of g-Ti from above
882C indicates that at room temperature, B-Ti has a resistivity of
~130uQ-cm, which 1is very high for a pure metallic element. This
value, however, is in accord with the extrapolated resistivity data of
the present study.

The supposition that the process of w phase structure refinement
continues below room temperature and that this alone results in a
negative 3p/3T in certain alloys 1is need of verification. The
interpretation of this study suggests that from the temperature at
which the collapse of the (1l11)B planes begins, 3p/3T of an alloy
decreases with decreasing temperature. Under the proper conditions,
it may even become negative in a certain range of temperatures. After
the o precipitation process has produced a stabilized microstructure,
3p/3T would become positive and remain constant with decreasing
temperature. Measurements of p during the quench from 1000C would
indicate the temperatures at which these events occur. In the 20 and:
25-AC specimens, the temperature at which precipitation ofkthe w phase
begins is apparently‘above room temperature. The temperature at which
this process ends is "80K. 1In the other specimens of this study, both
temperatures appear to be above room temperature.

The kineties of isotherm;l ®w phase precipitation are in need of
further study. The results of this study were unusual in their own

right, and were not in agreement with either of the other studies.
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The effects of quenching prior to isothermal aging may be studied
in more detail. Specimens could be quenched to some temperature above
room temperature, held for 15 minutes, and then aged at an elevated
temperature in order to determine if there is' a temperature to which
quenching before aging no longer produces w precipitates.

This study has shown that equilibrium in the high niobium alloys
is practicably impossible to achieve. in recrystallized alloys. The
minimal - amount of cold-work given the alloys of this study was
insufficient to produce any effect. Based on the work of others in
the Superconducting Materials Research Group here, aging specimens
containing the severe cold-work typical of superconductor wire may

yield interesting results.
5.1 Final Summary

A fundamental study of the phase transformations which occur in
the Ti-Nb binary alloy system has been completed. Eight alloys in the
range 20 to 70%Z Nb were investigated using TEM, LM and XRD,
Measurements of electrical resistivity and Vicker”s microhardness also
were performed. Emphasis was placed on the minimization of
interstitial contamination in all steps of alloy fabrication and
specimen preparation. In order to eliminate the effects of prior
cold-working, the alloys studied were recrystallizéd at 1000C. Phase
transformations were studied in alloys which had been quenched to room

temperature after recrystallization, quenched to room temperature and
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then isothermally aged, and in those which had been isothermally aged
without a prior room temperature quench.

It was found that the microstructures of the quenched 20 and 25%
Nb alloys were extremely sensitive to quench rate -- with a fast
quench producing martensite, a slow quench, the w« phase. The
microstructures of the higher niobium content alloys were much less
sensitive to quench rate.

The microstructures of the isothermally aged 20 and 25% Nb alloys
were found to be sensitive to prior thermal history. Alloys quenched
to room temperature and then aged at 400C contained large w
precipitates, while those aged without an intermediate room
temperature quench contained o precipitates. Isothermal w phase
precipitation was found in quenched 20 and 25% Nb specimens aged at
300, 350 and 400C. The 357 Nb alloys aged between 300 and 500C
contained precipitates which could not be identified using electron
diffraction, but were determined to be nuclei of the o phase.

Aging at 450, 500 and 600C produced o precipitates in the 20 to
40%Z Nb alloys. The B transus in this éystem could not be determined
unambiguously. A phase diagram was calculated which fit the
experimental data, but also predicted a small, but stable, B8 phase

miscibility gap.
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APPENDIX A

SELECTED AREA DIFFRACTION PATTERN CALCULATIONS

Phase identification is often based on SAD patterns obtained in
an electron microscope. The SAD patterns of &, w and a" are similar,
yet posses important differences. SAD patterns for these three
structures are shown superimposed on a (1l10)8 pattern, which was the
matrix pattern most frequently observed during the course of this
ihvestigation. The SAD pattern for the second phase orientation which
gives the most reflections in a (110)B pattern will be the only omne
shown for each example. The key to these SAD patterns is:

O - matrix reflection
B - second phase reflection
+ - double diffraction reflection

In the B + o« and B + a" patterns, double diffracéion from the
matrix reflections produces several extra reflections. This is the
only effect considered for these microstructures. In the B +w
pattern, double diffraction from the matrix reflections does not
produce any extra reflections, nor does double diffraction from w
reflections of the same variant. However, extra reflections do occur

when the pattern of one of the w variants is doubly diffracted from a

reflection of one of the other w variants.
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FIGURE A.1 The (110)B + (00l)a'" SAD pattern
ag = .3280nm, ag*= .3135nm, b/a = 1.552, c/a = 1,489
a) (010)a" || (991)8 _
b) (010)a" (991)g + (010)a"™ || (991)8
c) Double diffraction effects included
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FIGURE A.2 The (110)B + (1120)w SAD pattern
ag = .3280nm, ayw = .46390m, c/a = .6123
a) (0001)w || (I11)s
b) (0001)w (111)g + (000L)w || (1T1)8
¢) Double diffraction effects included
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FIGURE A.3 The (110)8 + (000l)a SAD pattern
ag =_.3280nm, ag = .2970m, c/a = 1.5825
a) (1210)a || (111)8
b) (1210)a
c) Double diffraction effects included

(I11)p + (1210)a || (111)8
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APPENDIX B

ELECTRON AND X~RAY DIFFRACTION RELATIVE INTENSITY CALCULATIONS



Angles for Cu Kal

TABLE B.l
Relative Intensity Calculations for the B Phase
BKL d (nm) 20 Ix Ie
110 .23214 38.75 100.00 100.00
200 «16415 55.97 14,33 44,67
© 211 13403 70.15 25.74 24.69
220 . 11607 83.15 7.49 15.25
310 .10382 95.79 10.74 10.14
222 09477 108.72 3.07 7.13
321 .08774 122.76 18.53 5.22
400 .08208 139.58 2.84 3.95
330 .07738 168.96 18.74 3.05
411 .07738 168.96 37.48 3.05
Alloy Composition: 30% Nb, Temperature: 300K
= ,3283nm

211



TABLE B.2
Relative Intensity Calculations for the o Phase

HKL d (nm) 20 Ix Ie

100 .25721 34.85 25.86 30.06
002 .23500 38.26 25.55 100.00
101 .22563 39.92 100.00 68.72
102 17349 52.71 12.64 12.04
110 .14850 62.49 13.55 30.53
103 .13380 70.29 13.28 16.30
200 .12860 73.58 1.89 4,74
112 12554 75.69 13.70 17.40
201 . 12404 76.77 9.81 12,51
004 11750 81.92 1.77 13.67
202 .11282 86.11 2.30 2.93
104 .10688 92,22 1.93 2.38
203 .09940 101.58 4,81 5.33
120 .09722 104.80 1.54 1.62
211 .09520 108.01 8.94 4,46
114 .09214 113.42 5.77 5.18
212 .08983 118.05 2.86 1.16
105 .08829 121.47 4,32 3.24
204 .08675 125,22 1.46 1.00
300 .08574 127.89 2.98 3.80
213 .08260 137.63 9.97 2.41
302 .08054 145.99 7.79 2.86
Alloy Composition: 5% Nb, Temperature: 300K

a = .297nm, c/a = 1.5825

Angles for Cu Kal
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TABLE B.3
Relative Intensity Calculations for the w Phase
HKL d (nm) 20 Ix Ie
001 .28430 31.44 7.07 16.37
110 .23215 38.75 100.00 100.00
101 .23214 38.76 88.87 44,44
111 .17982 50.72 8.93 6.19
201 . 16415 55.97 25.15 19.46
002 14215 65.62 5.32 28.75
121 . 13403 70.15 22,40 10.60
300 +13403 70.15 12,60 23.85
301 12123 78.89 1.90 1.89
112 .12123 78.89 17.06 16.99
220 11607 83.14 7.29 14,55
221 10746 91.57 1.26 1.22
131 .10382 95.78 9.20 4.26
302 .09752 104.34 9.11 7.51
003 .09477 108.73 0.16 0.74
401 .09477 108.72 3.90 2.98
103 .09224 113.24 3.83 2.67
222 .08991 117.89 8.60 5.40
140 .08774 122,76 8.75 4,88
231 .08774 122.76 7.77 2.17
113 .08774 122.77 0.97 0.54
203 .08572 127.93 4,03 1.96
14] .08384 133.46 2.14 D.45
123 .08041 146.60 10.94 1.49
330 .07738 168.92 17.26 2.81
051 .07738 168.93 15.35 1.25
303 .07738 168.99 3.86 0.31
Alloy Composition: 20% Nb, Temperature: 300K

a = .4643nm, c/a = .6123
Angles for Cu Kal

213
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TABLE B.4

Relative Intensity Calculations for the a'" Phase

HKL d (nm) 29 Ix Ie

110 26353 33.99 8.28 12.11
020 24327 36.92 21.96 71.16
002 23340 38.54 29.25 100.00
111 «22949 39.22 100.00 87.35
021 21574 41.83 15.46 29.25
112 .17473 52431 3.95 4,89
022 .16842 54.43 - 11.76 30.40
200 15675 58.86 6.78 38.05
130 14405 64.65 6.33 19.39
131 .13764 68.05 5.57 8.88
113 .13399 70.18 13.08 21.31
220 <13177 71.54 4,43 14.60
023 .13108 71.97 2.29 7.57
202 .13013 72.58 6.44 21.40
221 .12681 74.80 4,02 6.78
132 .12258 77 .85 6.69 11.43
040 .12164 78.57 0.24 1.62
041 .11771 8l.74 3.98 13.69
004 .11670 82.60 2.13 14.68
222 «11474 84.33 5.27 9.04
042 .10787 91.13 0.32 1.05
114 .10671 92.41 0.61 1.01
133 .10571 93.55 2.15 3.51
024 .10522 94.11 2,01 6.54
310 .10217 97 .85 0.27 0.85
223 .10056 99.99 1.91 2.90
311 .09981 101.01 4,93 7.36
240 .09610 106.55 0.24 0.67
043 .09583 106.98 2.31 6.26
241 .09412 109.83 4.54 5.83
204 .09361 110.74 2,50 6.30
312 .09360 110.76 0.48 0.60
150 .09294 111.94 2.48 6.12
134 .09068 116.30 3.23 3.62
242 .08886 120.17 0.47 0.49
115 .08800 122.15 4,53 4,42
330 .08784 122.52 1.64 3.17
224 .08736 123.68 3.31 3.10

025 .08716 124.18 0.88 1.62



Relative Intensity Calculations for the a'" Phase

TABLE B.4 (continued)

HKL d (nm) 20 Ix Ie

152 .08634 126.26 5.14 4,51
331 .08633 126.30 1.78 1.56
313 .08540 128.80 4,75 3.89
044 .08421 132.31 0.26 0.39
332 .08221 139.06 3.95 2.39
243 .08176 140.79 5.64 3.22
400 .07837 158.68 2.64 2.95
135 .07834 158.91 3.68 1.02

Alloy Composition: 20% Nb,
a = .3135nm, b/a = 1.552, c/a

Angles for Cu Kol

Temperature: 300K
= 1.489, vy = .2
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APPENDIX C

CUBIC STEREOGRAPHIC PROJECTIONS
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THE [110] PROJECTION
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THE [111] PROJECTION
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APPENDIX D

EQUATIONS of the REGULAR SOLUTION MODEL

D.l Introduction

In this model, the free energy of the a phase as a function of

composition and temperature is given by:

a - - [ [« T a [ D.
G%[x,T] (1 X)GA + xGB ‘I‘AS]]1 + GXS 1
where: Gg = free energy, as a function of temperature,
of element A in the a phase
Gg = free energy, as a function of temperature,

of element B in the a phase
x = atomic fraction of B in the « phase

Asg = entropy of mixing in the o phase
G;s = excess free energy of mixing in the a phase

For an ideal solution:

As; = -R[xlnx + (l=-x)1n(l=-x)] D.2
a
st =0 D.3

In the regular solution model, Asg is given by the above equation,
o . .
but GXs is given by:
G = Ax(l-x) D.4
XS
where A is the regular solution interaction parameter for the o phase.
The free energies of other phases which may occur in the A-B alloy

- system are defined similarly.
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D.2 Two Phase Equilibrium

Equilibrium between the o and B phases is expressed as:

EAI x% "
ale"‘:aBB‘xB D.6

6§ [xB D.5

where the partial molar free energies of A and B in the o and B phases
are given by:

a o _ L0 a

GAl Lo = 6% = x%(36%/0x) o D.7
I - 0 _ 1 o '
GB! o = 6% = (1-x®)(26%/ax)_4 D.8

The other partial free energies are defined similarly. Combining

equations D.1l, D.2, D.4 and D.7 yields:

- 2
Gh| Lo = 6% + RTIn(1-x%) + A(x®) D.9
=B = gB 4+ B 8y2
GAI LB = Cf + RTIn(1-x) + B(xF) D.10
Equating equations D.9 and D.10:
G + RTIn(1-x%) + A(x®)? = 68 + RTIn(1-xB) + B(xB)? D.11

Rearranging equation D.l1 gives:

¢% - 6B = aghre RTln( (1%

(1-xP) B2 _ a(e0y2 .
A " " (T=x®) + B(xP) A(x™®) D.12

The corresponding equation for element B is:

2

B
Acg*“ = RTln (EZJ + B(l-xB)2 - A(1=x%) D,13

X
Simultaneous solution of equations D.12 and D.13 yields the

equilibrium compositions of the o and B phases.



D.3 Xo
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At some composition, Xo, the free energies of the a and B phases

must be equal. This is expressed as:
a - B
¢ lXo ¢ lXo
Using equation D.l, the following equations result:

(1—XO)AG§*“ + xOAcg*“ + Xo(1-Xo0)(A-B) = 0

B+a _ B+a
‘o = l. L AGB AGA » )
2 ‘ B-A
B+a _ pnB+a \2 B+a
l_ L - AGB AGA _ AGA
4 B - A . B -A
If A = B, then:
AGB*a
A
Xo = P e
AGA - AGB

D.4 The Miscibility Gap

The limiting compositions, x, and Xy of a B phase

1

miscibility gap are derived in the following manner:

=B =B
G =G
A xl A x2

5, - S,

Equations D.18 and D.l19 yield, respectively:

It

RTln(l—xl) + B(xl)2 = RTln(l—xz) + B(x2)2

2 _ o \2
RTlnxl + B(l—xl) = RTlnx2 + B(1 xz)

D.17

D.20

D.21
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Subtracting equation D.21 from D.20:
RT[ln(l-xl) - lnxl] - B(l—2xl) = RT[ln(l—xz) - lnx2} + B(1—2X2) D.22

This equation has a solution if X = X%, or if both sides are equal

to zero. The latter gsolution yields:

B 1n(l—xl) - lnxl ' D.23
RT 1 - 2x,
Substituting Xy = 1 - Xy yields the same equation, thus the

miscibility gap is symmetric about x = .5

D.5 The Chemical Spinodal

The limits of the chemical spinodal are the inflection points of

the B phase free energy curve. They are given by:

2

%6f D.24
2

Ix

R o x(1-x) D.25





